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Abstract

This study investigates two Al-rich metallic glass alloys: Al87Ni8La5 and Al85Ni10La5
(at-%). These alloys have a strength that is two to three times higher than conventional
polycrystalline Al-alloys. They are candidate light-weight materials for structural applica-
tions. The aim of this study was to produce bulk amorphous Al-alloys by gas-atomization
and subsequent powder consolidation. Different consolidation techniques were applied
in order to investigate how plastic deformation and processing temperature influence the
stability of the amorphous phase.

Al87Ni8La5 and Al85Ni10La5 powders were processed by gas-atomization using argon
and helium gas. Helium-atomized amorphous Al85Ni10La5 powders were consolidated by
means of high pressure torsion (HPT) at room temperature applying different levels of tor-
sion, equal channel angular pressing (ECAP) at different temperatures, and hot pressing at
different temperatures. The samples were investigated by different methods, for example:
scanning and transmission electron microscopy, in-situ and ex-situ angle-dispersive X-ray
diffractometry (XRD), ex-situ energy-dispersive XRD, differential scanning calorimetry,
and inductively coupled plasma mass spectroscopy.

Within the methods used in this study, ECAP and HPT yield partially consolidated
samples, whereas hot pressing can produce fully consolidated samples. Sample density
and Vickers microhardness of consolidated powders increase with plastic shear deforma-
tion and with processing temperature. The hardness increases mainly due to partially
crystallization of the amorphous phase. Upon continuous heating, as-atomized powders
show a glass transition and a subsequent crystallization of fcc-Al and intermetallic phases
within a narrow temperature range. A primary crystallization of fcc-Al occurs during
isothermal heating below the crystallization temperature. After consolidation, no glass
transition occurs upon continuous heating. Consolidated samples show fcc-Al crystals
within the residual amorphous matrix. The volume fraction of fcc-Al crystals increases
with plastic shear deformation and with processing temperature. The results indicate that
primary precipitation of fcc-Al is strain-induced and possibly athermal.

Additionally, simultaneous in-situ X-ray attenuation and in-situ X-ray diffraction ex-
periments were performed upon amorphous Al85Ni10La5 splats. These experiments show
that the mass density of amorphous Al85Ni10La5 increases 1.4-1.7% during phase trans-
formation from the amorphous to the crystalline state.
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CHAPTER 1. INTRODUCTION

Aluminum (Al) is abundant in the earth’s crust yielding to massive use in engineer-
ing. One of the advantages of Al is its low specific weight compared to steel’s so that it
is a potential candidate in many engineering applications. A traditional way of enhanc-
ing the properties is by element addition and therefore, according to the application, the
mechanical properties such as light specific strength, good workability and good corro-
sion resistance can be tailored. Up to now, commercial Al-alloys show maximum room-
temperature strength of “only” 600 MPa (A7075), which hinders its use in high strength
applications.

Aluminium-rich metallic glass alloys have attracted a lot of interest due to their po-
tential to develop nanostructured materials, which can have a two to three times larger
yield strength in comparison to conventional polycrystalline Al-alloys. An enhanced yield
strength of approximately 1000 MPa has been observed in a Al-rich metallic glass after
partial devitrification, whenever an extremely high number density of Al-nanocrystals
(≥ 1022 m−3) is present in the residual amorphous matrix [1]. Complete devitrifica-
tion can lead to a maximum yield strength of about 1420 MPa [2]. The nanocrystals
can be produced either by thermal treatment [3] or by plastic deformation [1], [4], [5].
Deformation- or strain-induced crystallization1 at ambient and sub-ambient temperatures
has been observed after cold rolling [4], extreme bending [1], [5], nanoindentation [6],
and high pressure torsion [7]. The strain-induced crystallization mechanism is however
supposed to be different from crystallization mechanism induced by thermal treatment
[1], [4], [5]. Strain-induced crystallization is believed to be the result of static atom dis-
placement’s, whereas crystallization induced by thermal treatment stems from thermal
atomic jumps.

Since Al-rich metallic glasses are marginal glassformers, they can be synthesized only
in limited sample dimensions such as powders, flakes, ribbons or layers. Powders and
flakes require consolidation to a bulk material for any structural applications. Consolida-
tion by hot pressing [2], spark sintering [8], [9], [10] and hot extrusion [11] have to be
performed at rather high temperatures (around the crystallization onset and higher) to be
feasible and/or to achieve sufficiently compacted samples with low porosity. As a con-
sequence of the high processing temperature, the bulk materials consolidated in one of
these ways are usually completely crystallized and hence extremely brittle. As alternative
methods, equal channel angular pressing (ECAP) and high pressure torsion (HPT) pro-
vide consolidation at low temperatures avoiding complete crystallization [7], [12], [13],
[14]. Besides this, ECAP and HPT are good method’s to study properties as a function of
the amount of plastic shear deformation.

In this work, Al-Ni-La alloy system was chosen due to its relatively good glass form-
ing ability compared to other known Al-rich metallic glasses. The synthesis and con-
solidation of amorphous Al85Ni10La5 and Al87Ni8La5 powder by means of hot pressing,
ECAP, HPT, sintering and hot extrusion was motivated by one main question: is it possi-
ble to consolidate amorphous Al85Ni10La5 alloy by preserving the amorphous phase?

This work provides a literature survey and experimental procedures in chapter 2 and
3, respectively. Chapters 4 and 5 show experimental results of rapid quenched powders,

1Deformation- and strain-induced crystallization are both used in scientific literature. This work refers
to the term strain-induced crystallization
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splats, and consolidation experiments. The discussion in chapter 6 focuses on process-
ing of metallic glasses, its crystallization behavior upon annealing and upon plastic de-
formation, mass density changes during crystallization, and an assessment of different
consolidation techniques. Chapter 7 summarizes main results and conclusions.
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CHAPTER 2. LITERATURE SURVEY

2.1 Metallic Glasses

Metallic glasses are metastable materials which have an amorphous structure. The Glass
Forming Ability (GFA) of an alloy can be described by thermodynamical, kinetical, struc-
tural and empirical models.

2.1.1 Definition of Metallic Glass

Metallic glasses or amorphous metallic alloys are one class of non-crystalline solids. In
the context of metallic glasses, the term amorphous1 indicates lacking organization of
atomic structure whereas the term “glass” is associated with phenomena of the glass
transition. Amorphous metallic alloys have no long range order compared to crystalline
solids. But locally, they show structural indications to nearest neighbor atoms (short and
medium range order) [16]. X-ray, neutron and electron scattering of amorphous structures
involve a broad low intensity diffraction peak instead of discrete high intensity diffraction
pattern in crystalline materials. The glass transition is characterized by changing the slope
of the property curve (e.g. specific heat cp, enthalpy H and viscosity η , see figure 2.1)
during heating or cooling near the glass transition temperature Tg. The region between
melting temperature Tm and Tg is called supercooled melt.

Figure 2.1: Temperature dependence of enthalpy H, specific heat Cp (a) and viscosity η (b) corre-
sponding to crystallization and vitrification [16].

2.1.2 Glass Forming Ability

Liquids which can yield metallic glasses require fast cooling below Tg. Fast transforma-
tions affect the interfacial equilibrium during the phase transformation process towards
different levels of equilibrium. Common phase diagrams apply under the condition of

1The adjective “amorphous” means: having no definite form, being without definite character or nature,
and lacking organization or unity. [15].

6



2.1. METALLIC GLASSES

interfacial equilibrium, which exist when relaxation time of a transformation process is
infinitely long. The hierarchy of equilibrium levels characterizes the capability of a ma-
terial to relax towards full or metastable equilibrium during processing. A suppression of
full equilibrium phases can be hereby kinetically and thermodynamically favorable [17],
[18]. The transition from stable to metastable equilibrium phase diagram is illustrated in
figure 2.2. Kinetic constraints during processing suppress the formation of equilibrium γ

phase (figure 2.2(a)) resulting in a metastable eutectic of α and β phases (figure 2.2(b)).
Under extreme conditions, the liquidus and solidus boundaries collapse to so-called T0-
curves (figure 2.2(c)), which represent thermodynamic restrictions for partitionless trans-
formations [19]. This means in case of rapid quenching, that due to diffusional constraints
no partition occurs along the fast propagation of liquid-solid interface (loss of interfacial
equilibrium). Thus, the crystallization is inhibited and the liquid state conserved forming
a metallic glass.

The T0-curve in figure 2.2(c) shows a composition-dependent Tg and solidus bound-
aries of solid solution phases αSS and βSS. According to figure 2.2(c), glass formation can
be achieved by different pathways, like rapid quenching of homogeneous melt (pathway I
and II) and compositional changes by solid state processes (pathway III). Solid state pro-
cesses, such as cold rolling, high pressure torsion or ball milling, can lead to amorphous
phases by destabilizing crystalline phases when the maximum solubility is exceeded [17],
[18]. This process can be also considered as strain-induced mixing. They require temper-
atures below Tg where the diffusion is low (e.g. low atomic mobility) under the condition
that strain-induced mixing is performed on long timescales.

Figure 2.2: Schematic illustration (a-c) of the evolution of a phase diagram under metastable
equilibrium conditions. If primary phases have different structures and low solubility for the
other species, then T0-curves (dotted lines) might not intersect (c). Such a situation favors glass
formation by either rapid quenching (pathway I and II) or by solid state reactions (pathway III)
[17], [18].

In contrast, rapid quenching of a melt from high temperatures involves rather fast
diffusion (e.g. high atomic mobility). Thus, high cooling rates are required in order to
achieve a metallic glass by circumventing crystallization [17]. The time range where
metallic glasses can be obtained is limited by the nucleation and growth kinetics. One
way to represent kinetic restrictions is based upon the application of time-temperature-
transformation (TTT) diagrams, as illustrated in figure 2.3. It shows a “nose” shape which
is the reflection of the competition between the increasing driving force for crystallization
and the decreasing atomic mobility with supercooling the melt [20].

7



CHAPTER 2. LITERATURE SURVEY

Figure 2.3: Time-temperature-transformation diagram of Vitreloy 1. The curves labeled Tliq and
Tg indicate the liquidus and the glass transition temperature, respectively [20].

For the first time in 1960; Klement, Willens and Duwez reported the synthesis of
amorphous metal in Au-Si system obtained from a melt by rapid quenching [21]. First
known glass forming alloys required high critical cooling rates of about 106 K/s to obtain
amorphous phases by means of melt spinning. These high cooling rates limit sample
dimensions of metallic glasses to a few µm, at least in one dimension. Over the years,
new metallic glass forming alloys were developed in order to reduce the critical cooling
rate, thus increasing their glass forming ability. Nowadays, critical cooling rates ranging
from 101 K/s to 1 K/s permit to achieve Bulk Metallic Glasses (BMG) with critical sizes
of a few cm. This is currently limited to few metallic glass forming systems based on Pd
[22], Zr [23] Y [24] Mg [25] and La [26]. Considering applications, many of these alloys
contain either expensive (Pd) or undesirable elements (such as toxic Be in ZrTiCuNiBe
alloys). Consequently, current research is partially focused on the search for inexpensive
alloys based on Fe, Cu, Ni, and Al with enhanced GFA.

It was reported that alloy systems with deep eutectics lead to good GFA [27]. Accord-
ing to this phenomenon, Turnbull [28] provided a tool to describe GFA by the reduced
glass transition temperature Trg which is given by the Tg/ Tm ratio, where Tg and Tm de-
note the glass transition and the melting temperature, respectively. Good GFA exists for
alloys which show Trg > 2/3. A further tool to describe GFA was given by Inoue [29]
which provides empirical rules for good GFA. According to this, a good glass former
consists of a 3 component system, in which the main constituents have large atomic size
differences (≥ 12%) and a negative (exothermic) heat of mixing. Further models are
reviewed in [30].

2.2 Crystallization

Generally the crystallization is described by a nucleation and growth process. The driving
force of crystallization is the difference of free energy ∆G between metastable glass or
supercooled melt and stable crystalline phases [31].
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2.2. CRYSTALLIZATION

2.2.1 Nucleation

From classical nucleation theory, one distinguishes between homogeneous and heteroge-
neous nucleation [32]. In homogeneous nucleation theory, temporary random fluctuations
of the composition in a metastable supercooled melt can locally form crystalline clusters.
As soon as a crystalline cluster is formed, the free energy rises at first. Though growth
is associated with a reduction of free energy and therefore thermodynamically favorable.
The change of free energy ∆G can be described by volume free energy of a spherical
cluster and its surface free energy, according to the equation:

∆G =−4Π

3
r3

∆gv +4Πr2
σ (2.1)

where r is the radius of the cluster, ∆gv is the free energy per unit volume and σ is the
surface free energy. The relation between ∆G and r is illustrated in figure 2.4. Whether
such cluster is unstable or stable, inducing its decay or its growth respectively, depends on
the critical cluster radius rc. Applying an activation energy concept, the critical cluster is
defined by the critical free energy ∆Gc barrier, which has to be overcome for continuous
growth. A cluster exceeding the critical size will grow by reducing its free energy.

Figure 2.4: Free energy ∆Gc of a spherical cluster with radius r. ∆Gc and rc represent critical free
energy and critical cluster radius, respectively.

Crystals with radii smaller than rc are called embryos. Larger crystals are called nuclei
[33]. The critical radius rc is supposed to be of the order of 1 nm [31]. In heterogeneous
nucleation, a foreign material provides a surface which facilitates the formation of a crit-
ical nucleus.

The rate of formation of critical nuclei, or the homogeneous (steady state) nucleation
rate Ṅ is given by:

Ṅ ∝ exp(−∆Gc

kBT
)exp(− Q

kBT
) (2.2)
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where ∆Gc denotes critical free energy, Q denotes activation energy for the transfer
of a matrix-atom to an embryo, kB and T denote Boltzmann constant and temperature,
respectively. This expression emphasizes the temperature dependence of Ṅ. When ho-
mogeneous nucleation is a stochastic process obeying Boltzmann statistics, it is called
thermal nucleation. Hence nucleation proceeds constantly during isothermal conditions
(steady state). But under non-isothermal conditions like rapid quenching, sub-critical em-
bryos are promoted to form nuclei when the critical size decreases during cooling. This
process is called athermal nucleation. It is a deterministic process in which the number of
nucleation events depends on supercooling but not on time [34].

The roles of thermal or athermal growth of pre-existing (quenched-in) nuclei in real
nucleation depends on GFA, thermal history and process conditions. In marginal glass
formers (see chapter 2.5), growth of quenched-in nuclei is expected to be the dominant
mechanism [31]. Heterogeneous nucleation induced by inhomogeneities, impurities and
compositional segregates might act as nucleation sites but not predominantly [31].

2.2.2 Growth

The growth rate u of stable nuclei under isothermal conditions may be limited by (a) either
transfer of the advancing surface of nuclei (surface or interface controlled) or (b) by rate
of diffusion of atoms towards or away from growing nuclei (diffusion controlled). For
(a), only small diffusion paths are required and growth is linear with time u ∝ t; whereas
for (b), long range diffusion leads to growth which is parabolic with time u ∝

√
t.

The product of nucleation and growth rate leads to nose-shaped rate-temperature
curves as presented in figure 2.5.

Figure 2.5: The overall transformation rate is the product of nucleation Ṅ and growth rate u [35].
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2.2.3 Crystallization Reactions

According to [36], crystallization reactions can be generally divided into three categories.
Polymorphous crystallization: A crystal grows into the glassy matrix without change
of composition. No long range diffusion is required. Eutectic crystallization: The glass
transforms simultaneously into two crystalline phases. The overall composition of eutec-
tic crystal phase and glass remain the same. Similar to polymorphous crystallization, no
long range diffusion is required. Primary crystallization: A primary phase crystallizes
into the glassy matrix, which has a composition different to the matrix. As a consequence,
solute atoms will be rejected from the crystal and will create a compositional gradient
in the region ahead of the crystal. Long range diffusion is required for crystal growth.
Moreover, constitutional supercooling can occur and induce dendritic growth. The in-
vestigation of the crystal morphology allows to distinguish among these crystallization
reactions.

2.3 Rapid Quenching Techniques

Rapid quenching conveys the liquid melt into an amorphous metallic solid by circum-
venting equilibrium reactions like crystallization. In this work, different rapid quenching
techniques were used such as gas atomization, splat quenching and melt spinning. Cool-
ing rates and achievable specimen quantity define mainly the differences among these
three techniques. Melt spinning was performed in the framework of a student’s project
[37]. It is not further presented here.

2.3.1 Gas Atomization

In gas atomization, a high-velocity gas jet breaks up a molten metal stream into fine
droplets that solidify to form a powder. The most dominating process parameters are:
oxygen content of the gas, surface oxide contents of the melt, gas velocity (in practice
regulated by gas pressure), gas to metal flow ratio, gas density, and nature of the gas.
Beside physical process parameters, the nozzle geometry strongly influences the powder
particle size. The NANOVAL nozzle design permits to obtain very fine powders contain-
ing narrow particle size distributions and hence a high yield of fine powders [38], [39],
[40].

The cooling rate depends mostly on melt droplet size and type of atomization gas used
[41], [42]. Both parameters allow cooling rates ranging from 102 to 107 K/s, which are
many orders of magnitude above those in casting processes [38]. In case of powders, the
cooling rate dT/dt as function of the powder particle diameter d can be determined by
[43]:

dT
dt

=
10

(d/2)2

[
K× cm2

s

]
(2.3)
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The formula disregards the cooling medium and might be considered as the maxi-
mum cooling rate. The powders used in this project have particle sizes ranging from ≤ 1
to 50 µm yielding cooling rates of approximately 109 to 106 K/s. The powder particle
distribution is generally unimodal and follows log normal law [38], [39]. Mean and me-
dian diameter are used to describe the size of a powder. The mass median diameter d50
expresses the 50% point of the cumulative weigth vs. particle size distribution. Informa-
tion about the spread of the particle size distribution can be expressed by the geometric
standard deviation σg. According to Ünal et al. [39], the geometric standart deviation σg
of a log normal distribution can be calculated by:

σg =
√

(d84.1/d15.9) = (d84.1/d50) = (d50/d15.9) (2.4)

where d84.1 and d15.9 denote the 84.1% and 15.9% point, respectively, of the cumu-
lative weigth vs. particle size distribution. The σg of gas-atomized powder varies in the
range of 1.8 and 2.5 [39].

2.3.2 Splat Quenching

In splat quenching, a cube of Al-Ni-La master alloy is inductively levitated and molten
in an evacuated recipient. As soon as the power supply of induction heating is switched
off, the melt droplet falls down passing an optical sensor which triggers the rapid closure
of a horizontally positioned pair of Copper pistons. The melt droplet is flattened and
quenched rapidly between the piston surfaces which have a high thermal conductivity
[41]. The cooling rate during solidification of a molten alloy strongly depends on the
sample dimension and the piston material in which the heat is conducted. In case of
splats, the cooling rate dT/dt can be estimated by formula 2.3 replacing powder particle
diameter d by splat thickness d∗. In this work, the splat thickness ranged between 35 and
45 µm yielding cooling rates of approximately 106 K/s.

2.4 Powder Consolidation Techniques

Powder consolidation2 requires pressure and temperature. Severe shear stresses and shear
strains are desirable because they are most effective in collapsing pores and cracking
surface oxide layers. In order of increasing shear effectiveness during consolidation, one
can list following processes: sparc plasma sintering (SPS), uni-axial hot pressing, direct
extrusion, equal channel angular pressing (ECAP) and high pressure torsion (HPT). HPT
and ECAP are also known as severe plastic deformation (SPD) methods.

2The verb consolidate (etymologically from Latin: to make solid) means: to unite, to strengthen and to
form into a compact mass [15]. The verb compact means: having a dense structure or parts closely packed
or joined, occupying a small volume by reason of efficient use of space and being solid [15]. No distinction
between both terms is made in the scientific literature even though “consolidation” has a nuance of leading
to denser, pore-free materials. This work refers to the term consolidation.
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SPS experiments were performed in the framework of this project. The results are not
presented here. They are published in [9] and [10].

2.4.1 Nanocrystalline Materials

Nanocrystalline materials3 are one group of nanostructured materials which allow dif-
ferent material property modifications. Nanocrystalline materials are metastable struc-
tures which are far from thermodynamical equilibrium. They are composed of very small
crystallites with a size of a few nanometers (< 100 nm [45], [46]). The basic idea of
nanocrystalline materials is to increase the amount of disordered solid among nanocrys-
tals. A disordered solid may consist of grain boundaries, phase boundaries, dislocations,
glassy (amorphous) matrix or others.

Processing of bulk nanocrystalline materials can in principle be achieved by either
“bottom-up” or “top-down” methods [47]. Top-down methods start with a bulk solid
and obtain a nanostructure by structural decomposition. Bottom-up methods include pro-
cessing of clusters, powders, flakes etc, which require subsequent consolidation into bulk
material. Generally, the goal of particle consolidation is to obtain 100% theoretical den-
sity and good particle bonding. At the same time, grain growth of nanocrystlline grains
has to be avoided or limited. In order to obtain material with nanocrystalline grain size,
nucleation events should be favoured over growth.

One approach to achieve nanocrystalline materials is based on the complete or partial
crystallization of metallic glasses, which are used as precursors. In case of Al-rich metal-
lic glasses [17], [18], nanocrystalline structures can be basically tailored and controlled
by:

1. rapid quenching of a melt.

2. plastic deformation of a crystalline solid.

3. annealing of amorphous phases.

4. plastic deformation of amorphous phases.

5. combination of item 1-4.

Nanocrystalline materials show a wide range of unique mechanical properties, from
high toughness, long fatigue life to good wear resistance [45]. At the same time, they
can show completely brittle, ductile or superplastic behavior [45], [48], [49]. Moreover,
nanocrystalline materials can exhibit higher temperature stability compared to conven-
tional crystalline materials [47], [50].

3In scientific literature, nanocrystalline materials are also called ultra-fine grained materials, nanophase
materials or nanometer-sized crystalline materials [44]. This work refers to the term nanocrystalline mate-
rials.
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2.4.2 Hot Pressing

Powder consolidation by means of hot pressing involves heating and compression of pow-
der particles which are fitted tightly in a die cavity. During processing plastic deformation,
creep, and diffusion occur causing denser compact bulk materials. Sintering is not nec-
essarily a required processing step. Plastic deformation becomes more difficult as lateral
and axial pressures in the die approach equality, similar to a hydrostatic state [51].

2.4.3 High Speed Sintering

Sintering is a powder consolidation method, which effects powder particle bonding by
heating below the melting temperature Tm. In one-component systems, typical sinter tem-
peratures range between 2/3 Tm and 4/5 Tm [T in K]. For multi-component systems with a
melting interval, typical sintering is processed at temperatures in the vicinity of the solidus
temperature of the phase with the deepest melting point [52]. Since the material trans-
port responsible for particle bonding is governed by diffusion only, conventional sintering
processes require long durations [51]. High speed sintering involves fast heating to the
sintering temperature (e.g 60 s). Sintering methods can be assisted by applying uni-axial
or hydrostatical pressure.

2.4.4 Sparc Plasma Sintering

Sparc Plasma Sintering (SPS4) comprises the sintering of powders under influence of a
current (typically a pulsed DC current) and pressure. Powders are inserted in the die
cavity and resistance heating is effected by passing an electrical current through die, and
through powder particles. This induces a plasma and sparks through the powder. High
temperatures are generated at the points of contact between adjacent powder particles
which causes bonding. In this process, heating is different from hot pressing or sintering,
as the powder is not heated via the die. A further difference between SPS and conventional
hot pressing is the applied heating rate, which can be as high as 1000◦C/min if necessary
[53]. Advantages of SPS compared to pressureless sintering and hot pressing include
lower sintering temperatures and shorter holding times [51], [53].

2.4.5 Direct Extrusion

In powder consolidation by direct extrusion, metal powders undergo plastic shear de-
formation (usually at elevated temperatures) while pressing a powder billet of diameter
Dbillet through a die with smaller diameter Ddie. An extrusion ratio R with R = D2

billet/D2
die

4It should be noted that SPS is a registered trademark. Besides SPS, further terms are used interchange-
ablely in scientific literature such as Pulsed Electric Current Sintering (PECS) , Plasma Assisted Sintering
(PAS), Electroconsolidation and Electric Pulse Assisted Consolidation (EPAC) [53]. This work refers to
the term SPS.
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can be determined expressing a measure for the amount of plastic deformation subjected
during extrusion. According to [50], an effective logarithmic strain εe f f is given by:

εe f f = 2× ln
√

R = 2× ln

√
D2

billet

D2
die

(2.5)

In this work, extrusion ratios of 11/1 and 4/1 were used yielding εe f f of 2.4 and 1.4,
respectively. Extrusion can produce densified and elongated form bulk material. Sintering
is not necessarily required [54]. Besides, extrusion is a continuous process compared to
hot pressing, HSS, and SPS.

2.4.6 Equal Channel Angular Pressing

Powder consolidation by equal channel angular pressing (ECAP5) involves pressing of
samples through a die containing two channels with equal cross section, which intersect
at an angle φ . The sample undergoes simple shear deformation by retaining the cross
sectional area while pressing the sample through the channel intersection. As result of
pressing pressure and shear straining, powder particles can be consolidated to bulk mate-
rials. Similar to extrusion, ECAP can be a continuous process such as the ECAP-conform
process [56].

Figure 2.6: Principle of ECAP where φ is the angle of the intersection of two channels and ψ is
the outer corner curvature angles [57].

Based on geometrical considerations, the shear strain γ induced by ECAP can be
calculated by [57]:

γxy = γ = 2cot(
φ

2
+

ψ

2
)+ψ cos(

φ

2
+

ψ

2
) (2.6)

5The terms ECAP and ECAE (Equal Channel Angular Extrusion) are used interchangeablely in scien-
tific literature. Since no cross sectional reduction of the work-piece occurs, as in common extrusion, this
thesis refers to the term ECAP. It should be noted that ECAE is a registered trademark [55].
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where φ and ψ denote an inner channel intersection angle and an outer corner curva-
ture angle, respectively, as shown in figure 2.6. A comparison of shear strain values with
strain values of other deformation schemes can be achieved by calculation of equivalent
strain εeq according to von-Mises criterion [57]:

εeq = N(
γxy√

3
) (2.7)

where N denotes the number of ECAP passes. In this work, two different ECAP tools
were used. Equivalent strains εeq induced by conventional ECAP die and zic-zac ECAP
die are 1.2 and and 2×0.7, respectively.

2.4.7 High Pressure Torsion

High pressure torsional straining can be used to consolidate metal powders [58]. Metal
powder is compressed between two anvils applying high pressures of several GPa. The
rotation of one anvil imposes a large shear strain through friction forces between powder
and anvils. A disc shaped specimen is the product.

Different relationships can be used to determine strain values [13]. Based on geo-
metrical considerations, the shear strain γ along the disc radius R can be estimated by
[13]:

γ =
ϑR
L

=
2πNR

L
(2.8)

where ϑ , N and L is the rotation angle in radians, the number of full rotations and
disc thickness, respectively. For example, a disc used in this work with an 8 mm diameter,
100 µm thickness, and 360 ◦ rotation yields a shear strain of 40. According to [7], this
large strain seems to be unrealistic regarding deformation of metallic glasses at room
temperature. Therefore, logarithmic shear strain relationships can provide more realistic
shear strain values. According to [13], the true shear strain γtr is given by:

γtr = ln(
ϑR
L

) (2.9)

yielding a maximum true shear strain γtr of 3.7 at edge of the disc with dimensions
as described before. In order to compare between shear staining by HPT and straining by
other deformation techniques, equivalent strains εeq according to von-Mises criterion can
be determined by [7]:

εeq =
2√
3

γtr (2.10)

The maximum equivalent strain εeq at the disc edge is 4.3.
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2.5 Al-based Metallic Glasses

2.5.1 Structure and Glass Forming Ability

In the late 1980s, Inoue and coworkers discovered (independently to a French and a US-
American group) multi-component aluminum-based metallic glass alloys, which contain
as main constituents transition metals (TM) and rare earth elements (RE) [59].

Figure 2.7: Composition range in which an amorphous phase is formed in Al-Ni-La system by
means of melt spinning and compositional dependence of bending ductility. [60].

So far, the best GFA in Al-based systems was discovered in ternary Al-Ni-La alloy.
Melt-spun ribbons with high bending ductility (so-called ductile glasses) were obtained
using alloys with high Al content of ≥ 85 at-% as base component or high a La content
ranging from 35 to 83 at-%, as illustrated in figure 2.7. La-rich Al-Ni-La alloys have su-
perior GFA compared to Al-rich glasses. They show extended supercooled regions prior
to crystallization (Tx − Tg = 60 - 69◦C) and require low critical cooling rates. La-rich
BMGs with a 30 mm diameter were recently achieved [26]. However, La-rich amorphous
alloys are still too expensive compared to Al-rich alloys. Al-rich amorphous alloys can
be a suitable, less expensive alternative with lower GFA yielding fully amorphous sam-
ples with a maximum thickness of 30-40 µm. One can measure a glass transition when
the alloying content exceeds 13%. These Al-based metallic glasses with Ni+La content
> 13% show supercooled regions prior to crystallization Tx−Tg ranging from 12 to 18◦C
[61]. Their reduced glass transition temperatures Trg is approximately 0.5 [61].
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The structure of Al-rich Al-Ni-La alloys can be discussed in the light of hard-sphere
dense-random packing model (DRP) which was used to fit X-ray absorption fine struc-
ture (XAFS) measurements [62]. Al-La clusters in amorphous Al89La6Ni5 alloy have a
coordination number of 12, which is similar to that of a icosahedron or a fcc-crystal. On
the contrary, Al-Ni and Al-Al interatomic distances are anomalously short and do not fit
the data obtained by the DRP model. Furthermore, the Al-Ni clusters have a coordination
number of 6 which differs from the corresponding distances of stable crystalline Al3Ni.
These results indicate a strong interaction between Al and Ni atoms, which might be due
to covalent bonding character between Al and Ni atoms.

Amorphous phases in Al-rich glasses obtained by either rapid quenching or solid state
reaction can differ in their properties. Low strain rate cold rolling subjected to amorphous
Al92Sm8 leads to stable glasses, whereas melt spinning of the same composition leads to a
metallic glass with quenched-in nuclei [63]. This is confirmed by fluctuation electron mi-
croscopy investigations, which reveal a fcc-Al-like medium range order in rapid quenched
amorphous Al92Sm8 alloy but not in cold rolled amorphous Al92Sm8 alloy [64]. The
investigations suggest the existence of quenched-in nuclei in rapidly quenched Al-rich
metallic glasses. This corresponds to non-statistical element distributions detected by
atom-probe in the as-quenched state of Al89Ni6La5 alloy [65], also indicating quenched-
in nuclei. Rapidly quenched marginal glass formers can be stabilized when the cooling
rate is as high as possible to avoid nucleation during quenching or when a compositional
change enhances GFA [4].

2.5.2 Crystallization Behavior

Prior to crystallization, the amorphous phase in Al-based metallic glass can decompose
into amorphous phases with different compositions upon heating. This was observed in
Al89Ni6La5 alloy [65], Al92Sm8 alloy [64], and Al88La2Gd6Ni4 alloy [66].

Generally, Al-rich amorphous alloys undergo a two-stage crystallization process upon
heating. The first transformation involves primary crystallization of fcc-Al within the
amorphous matrix. The second transformation involves devitrification of the residual
amorphous matrix into several intermetallic compounds [59]. It was observed that pri-
mary crystallization of fcc-Al in rapid quenched Al-Ni-Ce(-Cu) [67] and Al-Ni-La glasses
[65], [68], [69] leads to solute partitioning. The decreased solubility of solute atoms in the
crystal induces solute enriched regions around the crystal. This influences growth kinetics
of the fcc-Al crystals into the residual amorphous matrix [18].

It has been recently reported that in annealed melt-spun Al-Ni-La ribbon occurs a
drop of microhardness after crystallization is completed [68], [69]. This may limit the
potential use of such alloys in structural parts, where a certain level of ductility is required.
Considering the consolidation of amorphous alloys to achieve nanocrystalline materials,
low temperature consolidation strategies are required to avoid complete crystallization.

In a few Al-rich amorphous alloys, metastable phases can form. The existence of
metastable phases in Al-Ni-RE alloys depends on the atomic radius of the rare earth.
The smaller the atomic radius of the rare earth element, the higher the probability of the
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formation of these metastable phases [70]. In Al-Ni-La system, a metastable bcc phase
depending on the Ni and La concentration can occur [68], [69], [71].

Crystallization induced by plastic deformation was observed after bending of amor-
phous melt-spun ribbons [1], [5], cold rolling [72], nanoindentation [6] and high pressure
torsion [7], [17], [73]. Compared to crystallization after annealing: morphology, number
density of strain-induced crystals, and crystallization sequence can alter during plastic
deformation at temperatures below the onset of crystallization.

2.5.3 Consolidation of Amorphous Powders

Successful attempts of consolidating, shaping and forming metallic glasses into complex
shaped components were made using alloys with a wide supercooled region. In this region
between Tg and TX , metallic glasses have a lower viscosity and can be formed very sim-
ilar to plastics under similar processing temperatures and pressures. One example is the
extrusion in the supercooled region of amorphous He-atomized Zr-based metallic glass
powders [74]. The as-extruded samples were still amorphous and had relative density
up to 99.9% showing similar strength and fracture properties as the as-cast glassy mate-
rial. Analogous results have been reported in [75], where Zr-based amorphous powders
were consolidated in the supercooled region by means of equal angular channel pressing
(ECAP). Furthermore, this concept was recently applied to form micro-electromechanical
devices [76].

Consolidation in the supercooled region is also a desirable process strategy for produc-
ing bulk Al-rich metallic glasses. However, these glasses are marginal glass formers with
either no or only a small supercooled region. Therefore consolidation in the supercooled
region cannot be applied to Al-rich metallic glass.

It was observed that consolidation can cause fully, or at least partially crystallization
of the amorphous phase [59], even when performed at temperatures below the onset of
crystallization. Warm-extruded nanocrystalline bulk Al-Ni-Mn, Al-Ni-Ce and Al-Ni-Y
alloy powders can have excellent mechanical properties, like high compressive strength
up to 1480 MPa [2], modest ductility or superplasticity during tensile stress at elevated
temperatures leading to elongations up to 650% [59].

In addition to extrusion, further consolidation techniques such as hot pressing [77],
[78], sparc plasma sintering [9], [10] high pressure torsion (HPT) [7], [14], and ECAP
[12] were tested. The pressed and sintered materials revealed remaining porosities be-
tween 0.1 and 8%, microhardness of maximum 352 HV and high compression strengths
between 800 and 1340 MPa after complete crystallization. Fully consolidated samples at
room temperature were achieved by means of HPT. Consolidation via ECAP yielded only
to a partially consolidated specimen.
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3.1 Processing of Al-Ni-La Metallic Glasses

3.1.1 Synthesis of Master Alloys

Ingots of nominal composition used for splat quenching were prepared by alloying pure
elements Al (99.999%), Ni (99.95%) and La (99.5%) by induction melting in a high
frequency electromagnetic levitation furnace under a purified argon atmosphere. The
levitated melt was kept at high temperatures until the surface oxide skin broke up. After
2 to 7 min of holding, the high frequency current was switched off and the levitated melt
fell down into a water chilled copper crucible, where it solidified forming a crystalline
ingot. This procedure was repeated serveral times to ensure the homogeniety of the alloy.
Further information about the process is given in [79] and [80]. The master alloy of
amorphous Al alloy powder was synthesized in the atomizer, as described in chapter 3.1.2.

3.1.2 Rapid Solidification by Gas Atomization

In this work, Al87Ni8La5 and Al85Ni10La5 alloys were gas-atomized by Nanoval G.m.b.H.
using the “Nanoval” process [40]. The master alloys were prepared in the atomizer. Prior
to processing, the whole atomizer was evacuated and subsequently flooded with argon gas
for 15 min. Al87Ni8La5 and Al85Ni10La5 alloy were synthesized in a graphite crucible and
an alumina crucible, respectively, by induction melting under an argon atmosphere, us-
ing pure elements Al(99.98%), Ni(99.7%) and La(99.7%). The melt of Al87Ni8La5 and
Al85Ni10La5 alloy were heated up to approximately 1100◦C and 1200◦C, respectively,
and were subsequently gas-atomized using helium or argon gas. The gas-pressure was
controlled manually and could reach maximum 30 bar. Atomization yielded two powder
fractions: a coarser major powder fraction collected in the atomizer’s recipient and a finer
minor powder fraction collected in the cyclone. A slow oxidation of the as-atomized pow-
der was allowed by flooding the atomizer with air. When the powder was removed from
the atomizer, each fraction was mixed manually in air for about 1 min. The as-atomized
powder was stored in air under ambient temperature and humidity. Due to the atomizer’s
capacity, alloys of 1 kg per batch were synthezised and atomized obtaining approximately
750 g powder per batch. A residue of alloy and slag remained non-atomized in the melting
furnace.

3.1.3 Rapid Solidification by Splat Quenching

Thin sheets (splats) of rapidly solidified Al-Ni-La alloy were produced under vacuum of
≈ 10−5 mbar using a Buehler G.m.b.H. twin piston splat cooler. The splat thickness which
was necessary to achieve amorphous samples ranged from 35 to 45 µm. The necessary
master alloys were prepared from ingots which were cut into cubes of approximately
2×2×2mm3.
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3.1.4 Rapid Solidification by Melt Spinning

Melt spinning experiments were performed in the framework of a students project at the
Hahn-Meitner-Institute, Berlin. In this project, the influence of process parameters on
properties of Al-Ni-La melt-spun ribbons was investigated. The results are shown in [37].

3.2 Annealing

Annealing experiments were carried out using a differential scanning calorimeter (DSC)
to investigate phase transformations upon annealing. The device is described in chapter
3.4.6.

Continuous heating of powder samples was realized by applying rates between 20 and
40◦C/min. At different given temperatures, heating was interrupted and the samples were
cooled down with a cooling rate of approximately 100◦C/min. Isothermal annealing was
performed by heating up the sample at 80◦C/min to the desired dwelling temperature.
After dwelling at the given temperature, the samples were cooled down with a cooling
rate of about 100◦C/min.

The samples were placed in open Al pans. Prior to annealing, the DSC furnace was 3
times evacuated and subsequently flushed by a argon gas stream. During annealing, the
furnace was purged by constant argon gas flow of about 20 ml/min.

3.3 Consolidation of Al-based Metallic Glass Powder

3.3.1 Hot Pressing

Powder consolidation of partially crystalline Al87Ni8La5 and amorphous Al85Ni10La5
powders were performed by uni-axial hot pressing at 637 and 955 MPa load, respectively,
using a 20 mm diameter cylindric pressing die. A single action ram hydraulic press was
used to apply the load. Except for cold pressing, the entire die was heated by means of
a heating sleeve. The pressing temperature was measured in the die, close to the cavity.
Pressing temperatures ranged from room temperature to 370◦C, which was the upper
temperature limit of the die used. Boron nitride (BN) lubricant was used to improve
ejection of the pressed material from the die. The pressing process was employed as
follows: Approximately 11 g of powder was filled into a BN coated cold die and closed
between bottom and top punch applying the whole process load for 5 s. The filled die
was removed from the press and heated up to process temperature. After reaching the
final temperature, the die was kept for 5 min at the temperature set. Afterwards, the hot
die was moved back between upper and lower ram and the actual hot pressing process
was started. During hot pressing, the temperature was kept constant. A constant load was
difficult to achieve because of the rough load control of the hydraulic press. After hot
pressing, the sample was removed from the hot die within approximately 3 min and was
subsequently water quenched.
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3.3.2 High Speed Sintering

One high speed sintering (HSS) experiment of amorphous Al85Ni10La5 powder was
performed at the Powder Technology Center of the Austrian Research Centers (ACR)
Seibersdorf. Prior to sintering, the powder was filled into a graphite mold and degassed
until a vacuum of 10−5 mbar was achieved. Sintering was performed under 50 MPa uni-
axial load by applying fast heating of the graphite mold to 400◦C sintering temperature
within 1 min. The sintering temperature was kept constant for about 30 s.

3.3.3 Sparc Plasma Sintering

Consolidation of amorphous Al85Ni10La5 powder by sparc plasma sintering was per-
formed at the National Institute for Materials Science (NIMS) in Tsukuba, Japan. The
sintered samples were investigated at lieu and the results are presented in [9]. Further SPS
experiments on partially crystalline Al87Ni8La5 were performed at the Research Center
for Machine Parts and Materials Processing, University of Ulsan, Republic of Korea and
investigated at the IFW Dresden, Institut fr Komplexe Materialien, Germany. The results
are presented in [10]. They will be discussed in the light of the comparison of different
consolidation techniques.

3.3.4 Direct Extrusion

Direct extrusion of partially crystalline Al87Ni8La5 powder was performed at the Institute
of Materials Machine Mechanics (IMMM) of the Slovak Academy of Sciences (SAS)
Bratislava, Slovak Republic. A 45◦ conic faced die and a flat face die were used with an
extrusion ratio of 11/1 and 4/1, respectively. Loose and cold isostatically pressed powders
were canned in commercial Al profiles of 20 mm outer diameter in which a 16 mm hole
was drilled. Extrusion was carried out at 200 and 300◦C. The samples were preheated
to process temperature for 15 min and subsequently extruded by means of a hydraulic
single action ram press. Graphite was used to reduce friction between sample and feeding
channel. A detailed description of the set-up used is given in [50].

3.3.5 Equal Channel Angular Pressing

Equal channel angular pressing (ECAP) of as-atomized Al85Ni10La5 powder was carried
out at the IMMM of the SAS Bratislava. A single action ram hydraulic press was used
to press the sample through the ECAP die. Two ECAP dies were used as illustrated in
figure 3.1. They are called in the following “conventional ECAP die” and “zic-zac ECAP
die”. The conventional ECAP die consists of two square channels with 12×12mm2 cross
section, which intersect perpendicular (φ = 90◦). The channel intersection has square
corners (corner curvature angle ψ = 0◦). The zic-zac ECAP die consists of two square
channels parallel to the pressing direction with channel cross section of 12×12mm2. The
exit channel is shifted perpendicular to the pressing axis creating two corners with channel
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intersection angles of φ = 110◦. Inner and outer corner curvature angles are ψ = 0◦ and
ψ = 15◦, respectively. A further detailed description is given in [81] and [55].

 
conventional ECAP zic-zac ECAP 

ψ = 0° 

12×12 mm 

φ = 90° 

12×12 mm 

ψ = 15° 
ψ = 15° 

φ = 110° 

φ = 110° 

∅ 10
 mm 

distance piece 
25 mm 

CIP green compact 
25 or 35 mm Cu-container 

50 or 60 mm 

12×12 mm 

Figure 3.1: Schematic view of conventional and zic-zac ECAP dies [81].

Figure 3.2 shows the procedure how consolidation of as-atomized Al85Ni10La5 pow-
der was performed. Prior to ECAP, as-atomized powder were precompacted by cold
isostatic pressing (CIP). Rubber cylinders were filled with powder and degassed to ap-
proximately 10−2 mbar. Sealed cylinders were cold isostatically pressed at room temper-
ature applying a pressure of 1 GPa for approximately 2 min. After CIP, the powder had
a temperature of approximately 60 ◦C. Cold isostatically pressed samples were turned to
cylinders of 10 mm diameter. Specimens of 26 and 36 mm length were cut from cylinders
and inserted into copper containers of 50 and 60 mm length, respectively. The containers
were made of commercial copper profiles with a square cross section of 12×12 mm into
which holes of 10 mm diameter and 25 or 35 mm depth were drilled. Pieces of 25 mm
length of plain copper profile were used as distance pieces to press the specimen com-
pletely through the ECAP die, see figure 3.1. ECAP of canned samples was done at
different temperatures using either the conventional or the zic-zac ECAP die. The ECAP
die was heated up to processing temperature and was held constant throughout the whole
process. After 10 to 15 min of holding at process temperature, the graphite-coated canned
specimen was inserted into the entrance channel of the hot ECAP die. The specimen
rested there for about 5 min. Afterwards, one ECAP pass was preformed. The deformed
specimen remained approximately 2 min in the hot die, before it was removed and water
quenched.
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Figure 3.2: Experimental scheme of the consolidation by means of ECAP.

3.3.6 High Pressure Torsion

In this project, high pressure torsion (HPT) was performed at the Institute of High Pres-
sure Physics, Ural Branch of the Russian Academy of Sciences in Yekaterinburg, Russian
Federation. The HPT set up consisted of a hydraulic press, where the lower anvil is driven
by an electric motor via reduction gears rotating around its vertical axis. The anvils were
of Bridgeman [82] type geometry with a working area made of tungsten carbide. Amor-
phous Al85Ni10La5 powders were subjected to HPT at room temperature under uni-axial
pressure of 6 GPa and an angular speed of the rotating anvil of 0.3 min−1. Four discs
were prepared using 5, 15, 45, and 360 degrees of torsion. In the following, these discs
are named D5, D15, D45 and D360.

3.4 Sample Analysis

3.4.1 Density Measurements

Densities of consolidated samples were determined according to Archimedes’principle
using a Sartorius scale BP211D and high purity ethanol. Each measurement was repeated
three times. Mean values and standard deviations were calculated.

3.4.2 Vickers Microhardness

Hardness measurements were used to obtain information about inter particle bonding and
phase transformations after consolidation. Polished longitudinal cross sections (in press-
ing direction) of ECAP and hot pressed samples were used as indentation plane. Vickers
microhardness measurements were carried out by means of a Reichert-Jung MHT-10 us-
ing 200 g load, 20 s slope and 15 s dwelling time. Mean values and standard deviations
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were determined using 15 indents per sample. The indents were set in appropriate dis-
tances taking into account the impact of the indent deformation zone.

3.4.3 Granulometry

Particle size distributions of as-atomized powders were measured with a CILAS 715
particle analyzer by NANOVAL G.m.b.H. Berlin. Powder samples were dispersed in a
ultrasound-assisted water bath. Laser diffraction spectrometry was used to determine the
particle size distribution of solute particles. The diffraction spectra were analyzed using
the Fraunhofer approximation which is valid for particles larger than 2 µm [83]. The ac-
quisition of particle size distribution was repeated 2 to 3 times extracting samples from
different places of the powder batch in order to proof the reliability of the measurement.

3.4.4 Hot Gas Extraction

The oxygen content of Al-Ni-La powder was determined by carrier gas hot extraction
[84] using a nitrogen/oxygen analyzer Horiba EMGA 620 WC. The experiments were
performed at the Institute of Ceramic Materials of the Berlin University of Technology.
This method involves the quantitative reduction of oxygen in the sample, the release of
gaseous reaction products, and their selective and quantitative detection. Approximately
5 mg of powder were first filled into a tin, then into a nickel capsule. Encapsuled samples
were inserted into a graphite crucible which was electrically heated up to about 2500◦C
for 40 s. The capsules act as metal additives to obtain a homogeneous reduction-assisted
melt. At these high temperatures, oxygen of the sample reacts with carbon forming car-
bon monoxide, which was detected by infrared absorption analysis. Hot gas extraction
measurements were repeated once in order to proof reproducibility. It was found that
absolute values differ by approximately 50% and are therefore not reliable. However,
measurements show that relative changes of the oxygen content related to the powder
particle diameter are similar. The results will be discussed only in the context of relative
changes.

3.4.5 Inductively Coupled Plasma Mass Spectroscopy

Quantitative element analysis of Al-Ni-La alloys were done by inductively coupled
plasma mass spectroscopy (ICP-MS) measurements, performed at the department SF6
(Spurenelemente) of the Hahn-Meitner-Institute, Berlin. Three replicates of approxi-
mately 10 mg per sample were prepared by dissolving the sample material in highly con-
centrated HNO3 (400 µl) under stepwise heating from 60 to 90◦C and continuous shaking.
Data analysis was done assuming that only Al, Ni and La are present in the sample ma-
terial. The peak intensities of Al and Ni relatively to La were determined. Mean values
were calculated from 30 measurements per sample. Relative intensities of the sample
referred to the standard solution yielded the stoichiometric concentration of the sample.
The results presented here are the calculated mean of three replicates per sample. The
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estimated error is approximately 0.1at.-%. Further details about the data analysis is given
in [85].

3.4.6 Differential Scanning Calorimetry

In this work, differential scanning calorimetry (DSC) measurements were used to inves-
tigate phase transformations upon annealing of amorphous precursor materials (powder,
splats, ribbons) and consolidated samples. DSC experiments were performed in a flowing
argon atmosphere using a Perkin-Elmer DSC Pyris 1. The Pyris 1 is a power compensa-
tion DSC, which can run isothermal and continuous1 heating experiments. The signal of
a power compensation DSC is related to the differential heat provided to keep sample and
reference to the same temperature. Due to the fact that sample furnace and reference fur-
nace have different thermal properties, a baseline has to be recorded to eliminate device
errors. Baseline drift, resulting from thermal balances between sample and reference fur-
nace, can be reliably corrected within 1 hour of isothermal heating. The initial transient
during isothermal heating is less than 1 min. Further information is given in [86] and [87].
The DSC device was calibrated using pure In and Zn. The accuracy of temperature and
electrical power is about ± 0.3◦C and ± 0.02 mW, respectively.

Continuous heating experiments were carried out using heating rates between 5 and
80◦C/min. Continuous heating at 20◦C/min of all as-atomized powders was repeated 3
times in order to prove the reliability of DSC measurements. The repeated measurements
showed qualitatively identical curves. Isothermal heating experiments were performed in
a way that samples were heated up to the desired dwelling temperature using a rate of
80◦C/min. As soon as the desired temperature was achieved, it was held constant for 1
hour. After the first run of any experiment, the fully crystallized specimen was heated
again under identical conditions in order to determine the baseline. The baseline was
subtracted from first run data, when necessary. Peak minimum, onset temperatures and
peak areas were extracted from DSC curves. Figure 4.3(b) and (c) illustrate the tangent
construction used to determine onset temperatures of glass transition Tg and crystalliza-
tion TX , respectively. Their values varied within the accuracy of setting the tangents on
the DSC curve yielding an overall error of approximately 1%. In addition, Kissinger
analysis was applied in order to determine activation energies of phase transformations
in as-atomized powders. The procedure used is described in [88], [89]. The analysis
required DSC data from continuous heating experiments performed at different heating
rates between 5 and 80◦C/min.

No special sample preparation was required. The samples were cut in a way that they
just fitted into the Al pan.

1The terms continuous heating, isochronal heating and scanning experiments are all used in scientific
literature. This work prefers the term continuous heating.
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3.4.7 Scanning Electron Microscopy

Powders and consolidated samples were investigated by scanning electron microscopy
(SEM) using both a Philips XL30 ESEM and a Zeiss CrossBeam 1540ESB operating
between 5 and 20 kV. Surface and morphology analysis of powders and consolidated
samples were performed without any sample preparation. Cross sectional analysis was
carried out on polished samples. Different imaging modes were used: secondary electron
(SE) and in-lens detected secondary electrons yielding images with a topological contrast;
and back scattered electron (BSE) images yielding a phase specific contrast.

SEM images and the free-source software ImageJ were used to determine the plastic
strain of elongated powder particles and their rotation with respect to the entrance channel
of the ECAP die (figure 5.16). The cross sectional surfaces of each powder particle was
fitted by an ellipse. The ellipse area, its length along major axis a and minor axis b
were determined. Between 20 and 40 powder particles were measured per SEM-image
yielding a median value, its first and third quartile. The first and third quartile denote the
25% and 75% point of the cumulative distribution function of powder particle diameters.
Assuming that the material is incompressible, the ellipse area is equal to the circle area of
the initially spherical as-atomized powders. Consequently, a median circle diameter d50
was determined from the measured ellipse areas. Median length of major axis a, a50, and
median circle diameter yield a strain value ε = (a50− d50)/d50. Alternatively, the strain
along the minor axis b is ε = (d50−b50)/d50. Moreover, the rotation of powder particles
is specified by the angle α between entrance channel and major axis a.

3.4.8 Transmission Electron Microscopy

Transmission Electron Microscopy (TEM) was used when looking at very fine microstruc-
tures, especially when analyzing the crystallization products of the metallic glass. Con-
trary to X-ray diffraction, TEM is a technique to obtain local information. TEM experi-
ments were performed using a Philips CM30, which was operated at 300 kV permitting
a satisfactory transmission of metallic samples up to about 80 nm thickness. Bright field
(BF), dark field (DF) and electron diffraction (D) images were taken using AGFA films
and imaging plates.

Crystallite size measurements presented in figure 4.16(b) and 4.9(b) were carried out
using TEM-images and the free-source software “ImageJ”. At first, crystallite cross sec-
tions were fitted by polygons and the crystallite cross sectional area was calculated. The
polygon area was considered to be a circle area assuming that crystals are spherical. Con-
sequently, a crystallite diameter was determined. It has to be noted that only relative
crystallite size changes can be discussed since the crystallite cross sections in a TEM
sample do not necessarily cross the center of the sphere. The crystallites in figure 4.16(b)
were measured at 2 different sample positions of only one annealed powder particle. This
yielded 36 crystallites for a powder particle continuously heated up to 205◦C. For powder
particles continuously heated up to 220◦C, 285◦C, 312◦C, 358◦C, this yielded 15, 13, 11,
9 crystallites, respectively. Median crystallite diameters, the first, and the third quartile
were calculated.
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Electron diffraction served to identify crystalline phases by comparing diffraction pat-
terns with PDF-2-data of the International Center for Diffraction Data. Debye-Scherrer
diffraction rings were tangentially integrated to achieve diffraction intensity profiles. The
length scale of the 2Θ-axis was calibrated using electron intensity profiles of pure gold,
which were recorded under identical conditions as those of the samples. The gold stan-
dard consisted of a Au sputtered carbon grid. The d-values were calculated by Bragg’s
law using a wavelength of 0.00197 nm, which corresponds to an acceleration voltage of
300 kV [90].

TEM-samples of powders were prepared by embedding powder particles in a medium
which had mechanical properties and a sputter yield similar to that of amorphous and
nanocrystalline powders. First, an epoxy resin was mixed with titanium nitride powder
(particle size ranging from 2 to 5 µm). Afterwards, a small amount of amorphous or
nanocrystalline powder was added and mixed. The mixture was hardened at 80 ◦C for
30 min yielding a compact and well machinable block. From this block thin slices be-
tween 5 and 8 µm thickness were cut and were mechanically polished. Final thinning was
done by ion milling. Further information about the TEM-sample preparation is given in
[91]. Electro-polishing of powder samples failed.

3.4.9 X-ray Diffractometry

X-ray diffraction (XRD) was used to identify and analyze amorphous and crystalline
phases. An incident coherent X-ray beam scatters elastically at electron shells of sam-
ple atoms. In crystalline materials, a constructive interference of diffracted X-rays leads
to discrete maximum intensities at certain angles Θ, which correspond to the spacing of
crystal lattice dhkl , expressed by the Bragg formula:

nλ = 2dhklsinΘ (3.1)

where λ denotes the wavelength of X-ray radiation used, and n is an integer denot-
ing the order of the scattering maximum. In the following, discrete maximum intensities
of the diffracted beam are named either Bragg reflections or Bragg peaks. Compared to
coherent scattering in a single crystal, crystalline powders and nanocrystalline bulk mate-
rials show cones with a semi angle 2Θ (Debye-Scherrer rings). Debye-Scherrer rings stem
from a sum of Bragg reflections of randomly oriented crystallites [92],[93]. Decreasing
crystallite sizes are associated with a broadening of Bragg reflections. This effect can be
used to estimate the crystallite size 〈D〉 by employing Scherrer’s Formula [94]:

〈D〉=
180
Π

Kλ

β (Θ)cosΘ
, K = 0.89...1.39 (3.2)

where β (Θ) is the full-width-at-half-maximum (FWHM) of a Bragg reflection at
Bragg angle Θ, λ is the wavelength and K is a constant expressing the shape of the
crystal. Considering a spherical crystal shape, K is approximately 1.

Amorphous materials have no periodical long range order but a short range order,
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which means that only the coordination of a random atom to its neighbor atoms is de-
fined. The correlation of a atom to its neighbors diminishes with increasing distance
to second and further neighbor shells. Therefore the scattered intensity does not show
discrete Bragg peaks as in crystalline materials but a broad diffuse scattering maximum
(amorphous halo) with less intensity. Partial crystallization leads to a superposition of
the broad diffuse scattering and discrete Bragg reflections. After complete crystallization
only Bragg reflections occur.

In this work, two types of XRD experiments were performed: angle-dispersive (AD)
XRD, in which monochromatic radiation is used; and energy-dispersive (ED) XRD, for
which the scattering angle is fixed. In energy-dispersive XRD, the photon energy of the
reflected X-ray beam is measured. The reflected X-ray beam obeys Bragg’s law, and the
angle-dispersive Bragg formula changes to:

Ehkl = hν =
hc
λ

=
hcn

2dhklsinΘ
(3.3)

where Ehkl denotes energy of the Bragg reflection hkl, h is Planck’s constant, c de-
notes speed of light, and n is an integer of the order of the scattering maximum. ED XRD
experiments along the radius of disc D360 were performed at the Berlin synchrotron ra-
diation facility (BESSY). The cross section of the incident beam was 0.5 × 0.5 mm2

permitting a spatial resolution of 0.5 mm. The experimental set-up is schematically illus-
trated in figure 3.3. A high intensity white X-ray beam was pointed to the disc target and
a diffracted beam was recorded in transmission mode at 2Θ = 7 ◦ by means of an energy-
dispersive detector. The disc was translated in steps of 0.5 mm along the radius after a
measurement was completed. The acquisition time per measurement was 1 hour. Further
information about the set-up is given in [95] and [96]. The broad diffuse scattering of
the residual amorphous phase was fitted by means of a linear function in the vicinity of
the Bragg peak and subsequently subtracted from the superposing Bragg reflection peak.
The integral intensity obtained from a fit using the Gaussian function was corrected by
the background level in order to take variations in the specimen thickness into account.
Peak positions were analyzed by the search and match method using PDF-2-data of the
International Center for Diffraction Data.

AD XRD experiments were carried out with a Brucker D8 Advance diffractometer
using Bragg-Brentano geometry, Cu Kα radiation (λ = 0.15406 nm), a secondary graphite
monocromator and a scintillation counter detector. 2Θ scans were performed ranging
from 10 to 90◦, in steps of 0.02◦ using an acquisition time of 10 s per step. Collimator slits
of 0.6 mm were used for incident and diffracted beam. In order to increase the diffracted
beam intensity, the sample rotated in horizontal plane around its eucentrical point with a
speed of 12 rpm (ϕ-circle). The illuminated area achieved was circular with a diameter
of 6 mm. Powder samples were poured on a sample holder and pressed obtaining a plane
and smooth horizontal surface. Bulk samples after hot pressing and ECAP were ground
up to 4000 grains/inch2 paper. Splats and HPT discs did not require further preparation.

XRD intensity profiles were analyzed by search and match method using PDF-2-data
of the International Center for Diffraction Data. Integral intensities of hot pressed powders
were determined by fitting broad (111) and (200) fcc-Al Bragg reflections using Gaussian
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Figure 3.3: Schematic view of the experimental set-up for energy-dispersive XRD measurements
along the radius of disc D360.

functions. The broad diffuse scattering of the residual amorphous phase was subtracted
by linear function in the vicinity of each Bragg peak. Device errors and emission spec-
trum are not corrected because only peak intensities of the same Bragg reflections were
compared keeping the error constant. Average crystallite sizes were estimated from angle
dispersive XRD intensity profiles using a Bruker TOPAS 3 software. The broad diffuse
scattering of the residual amorphous phase was fitted by Chebychev polynomal functions
and subtracted from the Bragg reflections. Bragg peaks were fitted by Lorentzian func-
tions. Crystallite sizes were determined from FWHM of fitted peaks using Scherrer’s
equation.

3.4.10 Simultaneous In-situ X-ray Attenuation and X-ray Diffraction

Simultaneous in-situ angle-dispersive XRD and X-ray attenuation experiments were per-
formed to monitor in real time the crystallization process of amorphous Al85Ni10La5 alloy
and the associated change in mass density upon annealing. The experiment was performed
at BESSY using a monochromatic synchrotron radiation of 8 keV photon energy (λ =
0.154 nm). In addition, in-situ XRD without simultaneous X-ray attenuation experiments
were carried out on powder samples. A schematic view of the set up used is presented
in figure 3.4. Amorphous Al85Ni10La5 powders were subjected to constant heating at
10◦C/min, while in steps of 5 s XRD pattern were acquired corresponding to a tempera-
ture resolution of approximately 0.9◦C. The accuracy of the heating control during in-situ
experiments is approximately 10%. Powder samples were poured on a ceramic sample
holder and manually pressed. This assembly was mounted on a resistance heater placed
on a goniometer in an evacuated high temperature chamber. The chamber was equipped
with a beryllium dome, which is almost transparent for the photon energy used. The
diffracted X-rays were acquired by means of a 2D-detector. The distance between speci-
men and detector was chosen in a way that the 2Θ range was from 29 to 48◦, because the
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diffuse scattering maximum of the amorphous phase, the (111), and (200) fcc-Al Bragg
reflections occur in this range. Temperature control was realized by two thermocouples
placed on the sample holder and on the resistance heater, respectively.

Figure 3.4: Schematic view of the in-situ XRD experimental set-up for powder samples.

Simultaneous in-situ XRD and in-situ X-ray attenuation measurements of Al85Ni10La5
splats and of D360 sample pieces were performed in transmission mode. For this purpose,
the in-situ XRD experimental set-up was slightly modified, as illustrated in figure 3.5. The
sample was fixed on a copper sample holder in a way that the incident beam transmitted
through the sample. The 2D-detector acquired diffracted X-rays ranging from 2Θ = 29 to
48◦ with 2Θ steps of 0.05◦, whereas the straight transmitted beam intensity was recorded
by a diode rendering information about thermal expansion and thermally induced mass
density changes. The illuminated area was 0.5 × 0.5 mm2. The radiation used had a
photon energy of 8 keV. The samples were subjected to continuous and isothermal heat-
ing. Twenty XRD pattern per minute were taken during heating the sample. No special
sample preparation was performed. The attenuation data were normalized by the incident
beam intensity in order to correct the intensity decrease of synchrotron radiation over
time. The accuracy of the heating control during in-situ experiments is less than 0.1% for
experiments using the copper sample holder. Since the thermocouple for temperature me-
assurements of splats and D360 samples cannot be fixed on the samples, the temperature
difference between sample and sample holder is expected to be approximately 10%.

The diffraction data of in-situ XRD measurements were analyzed as follows: Recorded
Debye-Scherrer ring parts were tangentially integrated in order to achieve XRD intensity
profiles. Diffuse scattering by the beryllium dome and decreasing intensity of the incident
beam were regarded and corrected, if it was necessary. Bragg reflections were calibrated
using corundum standard powder. Bragg peaks were identified by means of search and
match method using PDF-2-data of the International Center for Diffraction Data. The
in-situ X-ray intensity attenuation was used to estimate the relative density change upon
heating ∆ρ/ρ0 and the thermal expansion coefficient α . Assuming that small density
changes due to thermally induced volume changes are linear and isotropic, the relative
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Figure 3.5: Principle of the simultaneous in-situ X-ray diffraction and X-ray attenuation experi-
ment.

density is proportional to the relative volume change ∆ρ/ρ ∝ ∆V/V at constant mass.
Small changes in the volume of isotropic material is the sum of the lateral expansion in
three dimensions ∆V = (∆x/x) + (∆y/y) + (∆z/z) and (∆x/x) = (∆y/y) = (∆z/z). Ac-
cording to the experimental set-up, the lateral expansion parallel to the beam ∆x/x will
not influence the attenuation of the X-rays. Only the volume expansion perpendicular to
the beam ((∆y/y)+(∆z/z)) will influence attenuation. Thus, the attenuation corresponds
to 2/3 of the density. Regarding this, the relative density change upon annealing ∆ρ/ρ

can be estimated by:

−∆ρ

ρ0
=

3
2

∆I
I0

(3.4)

where ∆I/I0 denotes the relative X-ray intensity change (attenuation). The factor 3/2
expresses the correction for the three dimensional volume expansion. The one-dimensional
thermal expansion coefficient α is assumed to be constant when changes are small. Under
this condition, α can be determined by α = 1/x×∆x/∆T , where ∆x and ∆T are lateral ex-
pansion in dimension x and the temperature change, respectively. Assuming furthermore
an isotropic material and expansion in three dimensions, the volume expansion coefficient
γth is given by γth = 3α and ∆ρ/ρ = 3α×∆T . Since the experimental set-up regards only
changes in two dimensions, the one-dimensional thermal expansion coefficient α can be
estimated by:

α =
1
2

1
∆T

∆I
I0

(3.5)

where ∆I/I0, ∆T and the factor 1/2 denote the relative X-ray intensity change (at-
tenuation), the temperature change and correction factor taking into account the three
dimensional volume expansion. The overall error of relative density calculation and α is
about 5% and 40%, respectively.
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CHAPTER 4. EXPERIMENTAL RESULTS: POWDERS AND SPLATS

This chapter deals with the characterization of argon- and helium-atomized
Al87Ni8La5 and Al85Ni10La5 (at-%) powder. Morphology, microstructure and thermo-
dynamic behavior are presented and compared. Detailed investigations were made on
two batches of helium-atomized Al85Ni10La5 powders. Morever, simultaneous X-ray at-
tenuation and X-ray diffraction experiments upon Al85Ni10La5 splats are herein presented
providing information about mass density changes and thermal expansion during anneal-
ing.

4.1 He-atomized Al85Ni10La5 Powder, Batch I

4.1.1 Particle Size Distribution and Morphology

Figure 4.1: (a) Powder particle size distribution, and (b) XRD-patterns of helium-atomized
Al85Ni10La5 powder (batch I).

Figure 4.2: SEM-images of helium-atomized Al85Ni10La5 powder particles (batch I). The left
image shows particles smaller than 11 µm diameter. The right image shows one powder particle
of about 30 µm diameter.

Figure 4.1(a) shows density and cumulative distribution of powder particle sizes of
helium-atomized Al85Ni10La5 powder (batch I). The most frequent powder particle diam-
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eter is 6 µm. 50 wt.-% and 84 wt.-% of the powder, expressed by the d50 and d84 value,
have particle diameters of 11 µm and 22 µm, respectively. The geometrical standard de-
viation σg of the density distribution is 2 (d84/d50 ratio). SEM investigations as shown
in figure 4.2 reveal, that powder particles have a spherical shape and a smooth surface.
Hot welded particle satellites were rarely detected. The right SEM-image in figure 4.2
depicts a powder particle with a diameter of about 30 µm. Single dendrites with a size of
approximately 1 to 2 µm occur on its surface.

4.1.2 Microstructure of As-atomized Powder

Figure 4.1(b) shows XRD patterns of helium-atomized Al85Ni10La5 powder (batch I). A
broad diffuse scattering maximum intensity - the amorphous halo - occurs at a 2Θ ≈ 37◦.
It is accompanied by a shoulder at 2Θ ≈ 44◦. The broad diffuse scattering maximum
and its shoulder are close to the positions of (111) and (200) fcc-Al Bragg reflections of
crystalline Al, which occur at 2Θ = 38.5◦ and 2Θ = 44.7◦, respectively. Besides, a prepeak
occurs at 2Θ ≈ 20◦.

4.1.3 Crystallization during Continuous Heating

Figure 4.3: (a) DSC curve of helium-atomized Al85Ni10La5 powder (batch I) obtained during
continuous heating at 40◦C/min. Figures (b) and (c) show enlarged areas of (a). Vertical lines
in (a) specify the temperatures at which the microstructure was investigated by means of XRD
after continuous heating up to the indicated temperature. The corresponding XRD patterns are
presented in (d).
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Figure 4.4: (a) In-situ XRD plot of helium-atomized Al85Ni10La5 powder (batch I) obtained during
continuous heating at 10◦C/min. The intensity is expressed by different colors. Capital letter A,
N and L signify Bragg reflections of fcc-Al, Al3Ni and Al11La3 phase, respectively. Figure (b)
shows a DSC curve corresponding to (a), which was measured under identical conditions.
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Figure 4.3(a) presents the DSC curve of helium-atomized Al85Ni10La5 powder (batch
I) obtained during continuous heating at 40◦C/min. As highlighted in figure 4.3(b), a
small broad exothermic heat release ranging from approximately 125◦C to 250◦C can be
observed denoting structural relaxation. A glass transition occurs at an onset temperature
of Tg = 258◦C, as indicated by the endothermic peak in figure 4.3(c). The first large
exothermic heat release can be detected at an onset temperature of TX = 277◦C indicating
the begin of the crystallization. Two exothermic peaks can be distinguished. They show
curve minimum temperatures at TPeak1 = 280◦C and TPeak2 = 341◦C, respectively.

Figure 4.3(b) shows XRD patterns of helium-atomized Al85Ni10La5 powder (batch I)
obtained after continuous heating at 40◦C/min up to 256◦C, 280◦C, 312◦C, 341◦C and
440◦C. These temperatures are marked by small vertical lines in figure 4.3(a). After con-
tinuous heating up to 256◦C the XRD pattern show a broad diffuse scattering maximum
similar to that of the initial as-atomized state. Bragg reflections of fcc-Al and of inter-
metallic phases (Al3Ni and Al11La3) develop after continuous heating up to 280◦C. The
Bragg peak intensities of these three phases increase during further continuous heating up
to 312◦C, 341◦C and 440◦C.

Figure 4.4(a) shows in-situ XRD patterns of helium-atomized Al85Ni10La5 powder
(batch I) obtained during continuous heating at 10◦C/min. The intensity is expressed by
different colors. A color gradient, which occurs in a 2-Θ-range between 36 and 40◦,
represents a broad diffuse scattering maximum. It remains essentially unchanged during
heating from room temperature to 271◦C. At 271◦C, Bragg reflections of fcc-Al, Al3Ni
and Al11La3 develop within a small temperature range of 3 K. All Bragg peaks shift
to smaller 2Θ-values between 271◦C and 400◦C, indicating thermal expansion of the
crystal lattice . Their peak intensities and peak widths change only slightly towards higher
intensities and smaller widths.

Figure 4.4(b) shows a DSC continuous heating curve obtained under identical con-
ditions as in figure 4.4(a). The first large exothermic heat release occurs at an onset
temperature of 267◦C.

4.1.4 Crystallization during Isothermal Heating

Figure 4.5(a) shows the DSC heat response of helium-atomized Al85Ni10La5 powder
(batch I) during isothermal annealing at 246◦C. A first exothermic heat release, which
decreases monotonically, can be observed after reaching the dwelling temperature. A
second exothermic heat release appears after approximately 10 min, which is indicated
by increasing negative heat flow. The curve minimum after approximately 20 min assigns
the maximum exothermic heat release of the second peak.

Figure 4.5(b) shows XRD patterns of helium-atomized Al85Ni10La5 alloy powder
(batch I) obtained after isothermal annealing at 246◦C for 5 min, 10 min, 15 min, 20
min and 30 min. The times correspond to small vertical lines in figure 4.5(a). After 5 min
of isothermal annealing, XRD patterns resemble the ones of the initial as-atomized state.
First signs of fcc-Al Bragg reflections with marginal intensities rise from the broad diffuse
scattering level after 15 min. After 20 min of isothermal annealing, Bragg reflections of
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Figure 4.5: (a) DSC curve of helium-atomized Al85Ni10La5 powder (batch I) obtained during
isothermal heating at 246◦C. Figure (b) shows ex-situ XRD patterns of isothermally annealed
powder samples. Annealing times are indicated by small vertical lines in (a).

intermetallic phases Al3Ni and Al11La3 appear. The Bragg peak intensities increase with
annealing time.

4.1.5 Calorimetric Characterization of Crystallization

Figure 4.6: (a) DSC curves of helium-atomized Al85Ni10La5 powder (batch I) obtained during
continuous heating using different heating rates. (b) Kissinger plot of the first large exothermic
heat release in (a).

Figure 4.6(a) shows DSC continuous heating traces of helium-atomized Al85Ni10La5
powder (batch I) using heating rates ranging from 10◦C/min to 80◦C/min. Two large
exothermic peaks occur over all applied heating rates. Their onsets shift to smaller values
with increasing heating rate. Figure 4.6(b) shows a Kissinger plot obtained from the first
exothermic heat release (crystallization start). The values were extracted from continuous
heating experiments using heating rates ranging from 2.5◦C/min to 80◦C/min. A fit to
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Figure 4.7: (a) DSC curves of helium-atomized Al85Ni10La5 powder (batch I) obtained during
isothermal annealing at different temperatures. (b) DSC continuous heating curves of helium-
atomized Al85Ni10La5 powder (batch I) after 1 hour isothermal annealing at different dwelling
temperatures. The inserted plot shows the change of onset temperatures T Onset

X and minimum
temperatures T Min

X of the first large exothermic heat release as a function of Tiso. The integrated
peak area over the whole crystallization sequence is the reaction enthalpy ∆H.

data of figure 4.6(b) using a linear function yields an activation energy Q = 292 KJ/mol.

Figure 4.7(a) presents DSC curves of helium-atomized Al85Ni10La5 powder (batch
I) obtained during isothermal annealing at dwelling temperatures ranging from 240 to
252◦C. The curve minimum, indicating the maximum exothermic heat release, shifts to-
wards smaller times with increasing dwelling temperatures. The onset time of this event
decreases from approximately 10 min at 246◦C to 3 min at 252◦C. No DSC curve mini-
mum develops during isothermal annealing at 240◦C.

Figure 4.7(b) shows DSC continuous heating curves of helium-atomized Al85Ni10La5
powder (batch I) after 1 hour of isothermal annealing between 240 and 252◦C. Onset
temperatures T Onset

X and minimum temperatures T Min
X of the large exothermal heat release

(begin of crystallization) at different annealing temperatures are shown in the inserted plot
in figure 4.7(b). The integrated peak area over the whole crystallization sequence is the
reaction enthalpy ∆H. An increasing Tiso leads to the disappearance of the first crystal-
lization peak and to a decrease of ∆H. This is accompanied by a shift of the crystallization
start to higher temperatures.

4.2 He-atomized Al85Ni10La5 Powder, Batch II

4.2.1 Particle Size Distribution and Morphology

Granulometry shows a most frequent powder particle diameter of 7 µm (not presented
here). 50 wt.-% and 84 wt.-% of the powder, expressed by the d50 and d84 value, have
particle diameters of 12 µm and 24 µm, respectively. The geometrical standard deviation
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σg of the density distribution is 2. SEM investigations (not presented here) reveal that
powder particles have a spherical shape and a smooth surface. Hot welded particle satel-
lites were rarely detected. Dendrites with a diameter of approximately 1 to 2 µm can be
observed on few single powder particles bigger than 20 µm.

4.2.2 Crystallization during Continuous Heating

Figure 4.8: (a) DSC curve of helium-atomized Al85Ni10La5 powder (batch II) obtained during
continuous heating at 20◦C/min. The inserted plot in (a) is an enlarged area of the DSC curve
showing the glass transition. Three exothermic peaks can be distinguished. Vertical lines denote
temperatures at which the microstructure was investigated by means of XRD. Corresponding XRD
patterns are presented (b).

Figure 4.9: (a) Electron diffraction patterns of helium-atomized Al85Ni10La5 powder (batch II)
obtained after continuous heating at 20◦C/min up to different temperatures. (b) BF-image of
Al85Ni10La5 powder (batch II) obtained after continuous heating at 20◦C/min up to 340◦C.

Figure 4.8(a) presents the DSC curve of helium-atomized Al85Ni10La5 powder (batch
II) obtained during continuous heating at 20◦C/min. A glass transition appears at an on-
set temperature of 243◦C. The first large exothermic heat release at an onset temperature
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of 264◦C reflects the start of the crystallization. Three exothermic peaks can be distin-
guished, which have their minimum temperature at (I) 266◦C, (II) 303◦C and (III) 323◦C.

Figure 4.8(b) shows XRD patterns of helium-atomized Al85Ni10La5 powder (batch
II) obtained after continuous heating at 20◦C/min up to 225◦C, 256◦C, 278◦C, 311◦C and
340◦C. The temperatures are assigned by small vertical lines in figure 4.8(a). After con-
tinuous heating up to 256◦C, the XRD pattern remain essentially unchanged compared to
the initial state. Bragg reflections of fcc-Al, Al3Ni and Al11La3 develop after continuous
heating up to 278◦C. After further heating, their peak intensities increase relatively to the
background level.

Figure 4.9(a) represents electron diffraction patterns of helium-atomized Al85Ni10La5
powder (batch II) obtained after continuous heating at 20◦C/min up to 256◦C and 278◦C.
The as-atomized powder shows a broad maximum intensity at d ≈ 2.5 Å accompanied
by a shoulder at d ≈ 2.1 Å. In comparison to the as-atomized pattern, after continuous
heating up to 256◦C the electron diffraction patterns shows a broad diffuse scattering
maximum and a (200) fcc-Al Bragg reflection. Bragg reflections of fcc-Al, Al3Ni and
Al11La3 appear after continuous heating up to 278◦C.

Figure 4.9(b) shows the BF-image of Al85Ni10La5 alloy powder (batch II) obtained
after continuous heating at 20◦C/min up to 340◦C. The image reveals a fully crystalline
microstructure. The median crystal size is 20 nm. First and third quartile size are 12 and
28 nm, respectively.

4.2.3 Crystallization during Isothermal Heating

Figure 4.10: (a) DSC curve of helium-atomized Al85Ni10La5 powder (batch II) obtained during
isothermal annealing at different temperatures. Vertical lines in (a) signify the annealing time at
236◦C at which powder samples were investigated by means of XRD, as presented in (b).

Figure 4.10(a) shows DSC curves during isothermal annealing at Tiso = 236◦C of
helium-atomized Al85Ni10La5 powder (batch II). At 236◦C, a first exothermic heat re-
lease develops just after reaching the dwelling temperature. The signal decreases mono-
tonically towards the baseline within 5 min. A second exothermic heat release appears
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Figure 4.11: (a) Electron diffraction patterns of helium-atomized Al85Ni10La5 powder (batch II)
obtained after 10 min and 30 min of isothermal annealing at 236◦C. (b) BF-image of a helium-
atomized Al85Ni10La5 powder particle (batch II) after 30 min of isothermal annealing at 236◦C.
The inserted image shows an enlarged area of (b).

after approximately 9 min showing its maximum heat flow (curve minimum) at approxi-
mately 32 min. Applying different dwelling temperatures reveals a shift of the curve min-
imum towards shorter times with increasing temperature, from 32 min at 236◦C, 22 min
at 238◦C, to 15 min at 240◦C.

Figure 4.10(b) shows XRD patterns of helium-atomized Al85Ni10La5 powder (batch
II) obtained after isothermal annealing at 236◦C between 5 min and 60 min. The an-
nealing times are indicated by vertical lines in figure 4.10(a). After 5 min and 10 min
isothermal annealing, XRD patterns resemble those of the as-atomized state. First signs
of fcc-Al Bragg reflections with marginal intensities rise from the broad diffuse scattering
maximum after 30 min. Bragg reflections of Al3Ni and Al11La3 develop after 60 min of
isothermal annealing at 236◦C.

Figure 4.11(a) exhibits electron diffraction patterns of helium-atomized Al85Ni10La5
powder (batch II) obtained after 10 min and 30 min of isothermal annealing at 236◦C.
Both show a broad diffuse scattering maximum and a shoulder close to the (200) fcc-Al
Bragg reflection, which is similar to XRD patterns of as-atomized powder.

The BF-image of a Al85Ni10La5 powder particle (batch II) obtained after 30 min of
isothermal annealing at 236◦C in figure 4.11(b) shows single dendrites with a diameter of
approximately 100 nm in a featureless amorphous matrix.

4.3 Ar-atomized Al85Ni10La5 Powder

Recipient and cyclone fractions of argon-atomized Al85Ni10La5 powder show median
particle diameters d50 of 11 µm and 21 µm, respectively. XRD patterns of these powders
are depicted in figure 4.12(b). The cyclone fraction with d50 = 11 µm reveals a broad
maximum intensity at 2Θ ≈ 38◦, which is accompanied by a shoulder at 2Θ ≈ 44◦. This

44



4.4. HE-ATOMIZED AL87NI8LA5 POWDER, BATCH I

Figure 4.12: (a) DSC continuous heating curves at 20◦C/min, and (b) XRD patterns of two frac-
tions with different median particle diameters of argon-atomized Al85Ni10La5 powder.

is similar to XRD patterns of helium-atomized Al85Ni10La5 powder. The broad scattering
maximum is superimposed by small Bragg reflections of fcc-Al, Al3Ni and Al11La3. The
recipient fraction, which contains coarser powder (d50 = 21 µm), shows a broad scattering
maximum and Bragg reflections of afore mentioned phases. Their intensities relative to
the level of the broad scattering maximum are larger compared to those of the cyclone
fraction.

Figure 4.12(a) exhibits DSC curves of powders during continuous heating at
20◦C/min. The powders stem from recipient fraction(d50 = 21µm) and cyclone frac-
tion (d50 = 11µm). Both curves show a first and a second curve minimum indicating the
crystallization reaction. The peak area over both minimum peaks, expressing the reaction
enthalpy ∆H, decreases with increasing particle size from 125 J/g to 103 J/g.

4.4 He-atomized Al87Ni8La5 Powder, Batch I

4.4.1 Microstructure of As-atomized Powder

Recipient and cyclone fractions of helium-atomized Al87Ni8La5 powder have median par-
ticle diameters d50 of 10 µm and 4 µm, respectively. Figure 4.13(a) presents XRD patterns
of both fractions. Regardless of the particle size, XRD patterns show a broad diffuse scat-
tering maximum and narrow high intensity Bragg reflections of fcc-Al. Figure 4.13(b)
illustrates a dendritic morphology of fcc-Al crystals (cyclone fraction, d50 = 4 µm).

4.4.2 Crystallization during Continuous Heating

Figure 4.14(a) presents DSC curves of helium-atomized Al87Ni8La5 powder (batch I)
obtained during continuous heating at 20◦C/min. One exothermic heat release occurs at
an onset temperature of 330◦C.
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Figure 4.13: (a) XRD patterns of two fractions with different median particle diameters d50 of
helium-atomized Al87Ni8La5 powder (batch I). (b) BF-image of a powder particle of the d50 =
4 µm fraction.

Figure 4.14: (a) DSC curves of two fractions of helium-atomized Al87Ni8La5 powder (batch I)
obtained during continuous heating at 20◦C/min. Vertical lines in (a) indicate the temperature at
which annealed powder samples were investigated by means of XRD. The corresponding XRD
patterns are presented in (b).
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Figure 4.14(b) shows XRD patterns of helium-atomized Al87Ni8La5 powders (batch
I) obtained after continuous heating at 20◦C/min up to 140◦C, 305◦C, and 410◦C. The
temperatures are indicated by small vertical lines in figure 4.14(a). The initial microstruc-
ture remains essentially unchanged for XRD up to 305◦C. Bragg reflections of Al3Ni and
Al11La3 develop after continuous heating up to 410◦C.

4.5 He-atomized Al87Ni8La5 Powder, Batch II

Figure 4.15: (a) DSC curves and (b) XRD patterns of two fractions with different median particle
diameters of helium-atomized Al87Ni8La5 powder (batch II). DSC curves were obtained during
continuous heating at 20 ◦C/min. Vertical lines in (a) indicate temperatures, at which annealed
powder samples were investigated by means of XRD. Corresponding XRD patterns are presented
in figure 4.16.

Figure 4.16: (a) XRD patterns and (b) crystallite diameter of helium-atomized Al87Ni8La5 powder
(batch II, d50 = 8 µm) obtained after continuous heating at 20◦C/min up to temperatures as indi-
cated in figure 4.15(a). Crystallite sizes were calculated from XRD data and from TEM-images.
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Recipient and cyclone fractions of helium-atomized Al87Ni8La5 powder (batch II)
have median particle size diameters d50 of 14 µm and 8 µm, respectively. Figure 4.15(b)
shows XRD patterns of both fractions. Regardless of particle size, XRD patterns show a
diffuse scattering maximum and small (111) fcc-Al Bragg reflections.

Figure 4.15(a) illustrates DSC curves of powders from recipient and cyclone fractions
obtained during continuous heating at 20◦C/min. Both curves show a first exothermic heat
release at an onset temperature of 176◦C indicating a crystallization reaction. At 337◦C
onset temperature, both curves show a curve minimum (exothermic heat flow maximum).
The 8 µm powder shows a further peak at 296◦C.

Vertical lines in 4.15(a) indicate temperatures, at which annealed powder samples
were investigated by means of XRD. Corresponding XRD patterns are presented in fig-
ure 4.16(a). After continuous heating up to 140◦C, XRD patterns show a broad diffuse
scattering maximum similar to that of the as-atomized powder. XRD patterns of powders
annealed up to temperatures ranging from 205◦C to 312◦C exhibit fcc-Al Bragg reflec-
tions and a broad scattering maximum. The fcc-Al Bragg reflections increase in intensity
and decrease in width with increasing temperature (except the intensity at 312◦C). At
the same time, the broad diffuse scattering intensity decreases. At 358◦C, XRD patterns
reveal Bragg reflections of fcc-Al, Al3Ni and Al11La3.

Figure 4.16(b) shows crystallites size evolution of helium-atomized Al85Ni10La5 pow-
der (batch II) after continuous heating at 20 ◦C/min up to different temperatures. Crys-
tallite diameters were determined from TEM-images and XDR data. Crystallite sizes of
fcc-Al increase slightly between 205◦C and 312◦C from 4 nm to 14 nm for TEM analy-
sis, and from 14 nm to 20 nm for XRD analysis. At 358◦C, fcc-Al crystallite diameters
increase to 49 nm for TEM analysis, and to 64 nm for XRD analysis.

Figure 4.17: (a) BF-image of a helium-atomized Al87Ni8La5 powder particles (batch II, 8 µm) in
the initial state, and (b) after continuous heating at 20 ◦C/min up to 312◦C (b).

Figure 4.17(a) shows a featureless amorphous structure of helium-atomized Al87Ni8La5
powder (batch II, 8 µm). Figure 4.17(b) shows spheric and dendritic fcc-Al crystal-
lites (light gray contrast) within the amorphous matrix (dark gray contrast) of a helium-
atomized Al87Ni8La5 powder particle (batch II, 8 µm) obtained after continuous heating
at 20◦C/min up to 312◦C.
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Figure 4.18: BF-images of a helium-atomized Al87Ni8La5 powder particle (batch II, 8 µm) ob-
tained after continuous heating at 20◦C/min up to 358◦C. Image (a) and (b) show different magni-
fications of the same powder particle.

Figure 4.18 shows a helium-atomized Al87Ni8La5 powder particle (batch II, 8 µm)
obtained after continuous heating at 20 ◦C/min up to 358 ◦C. Figure 4.18(a) exhibits
the cross section at lower magnifications revealing “coarse” grains with a diameter of
approximately 1 µm. At higher magnifications in figure 4.18(b), the previously described
grains show subgrains.

4.6 Ar-atomized Al87Ni8La5 Powder

4.6.1 Microstructure of As-atomized Powder

Figure 4.19: (a) XRD patterns of two fractions with different median particle diameters d50 of
argon-atomized Al87Ni8La5 powder. (b) BF-image a powder particle of the d50 = 14 µm fraction.
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Recipient and cyclone fractions of argon-atomized Al87Ni8La5 powder have median
particle diameters d50 of 23 µm and 14 µm, respectively. Figure 4.19(a) shows XRD
patterns of both fractions, which reveal fcc-Al, Al3Ni and Al11La3 Bragg reflections,
and a broad diffuse scattering maximum. The intensities of Bragg reflections are smaller
compared to coarser powder particles.

Figure 4.19(b) illustrates the dendritic crystallite morphology in an argon-atomized
Al87Ni8La5 powder particle (cyclone fraction, d50 = 14 µm).

4.6.2 Crystallization during Continuous Heating

Figure 4.20: (a) DSC curves of two fractions with different median particle diameters of argon-
atomized Al87Ni8La5 powder obtained during continuous heating at 20◦C/min. Vertical lines in
(a) indicate final temperatures of annealed specimen, at which XRD experiments were performed.
Corresponding XRD patterns are presented in (b).

Figure 4.20(a) shows DSC curves of argon-atomized Al87Ni8La5 powder obtained
during continuous heating at 20◦C/min. Regardless of the powder particle size of each
fraction, both DSC curves exhibit a first small and a second large exothermic heat release
at onset temperatures of 170◦C and 333◦C, respectively.

Figure 4.20(b) show XRD patterns of argon-atomized Al87Ni8La5 powder obtained
after continuous heating at 20◦C/min up to different temperatures. Annealing tempera-
tures are indicated by small vertical lines in figure 4.20(a). XRD patterns of the specimen
annealed up to 140◦C shows a broad diffuse scattering maximum and Bragg reflections of
fcc-Al, Al3Ni and Al11La3. After further continuous heating up to 360◦C, intermetallic
phases Al3Ni and Al11La3 develop and the broad diffuse scattering disappears.
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4.7 Comparison of Powders

4.7.1 Influence of Alloy Composition, Atomization Gas, and Powder
Particle Size on Microstructure and Oxygen Content

Figure 4.21: (a) XRD patterns and (b) oxygen content of (I) helium- and (II) argon-atomized
Al85Ni10La5 powder with a median powder diameter of 11 µm, and of (III) helium-, and (IV)
argon-atomized Al87Ni8La5 powder with a median powder diameter of 14 µm.

Figure 4.21(a) shows XRD patterns of helium- and argon-atomized Al85Ni10La5 and
Al87Ni8La5 powders. The median particle diameter d50 is 11 and 14 µm for Al85Ni10La5
and Al87Ni8La5 powders, respectively. XRD patterns of (I) helium- and (II) argon-
atomized Al85Ni10La5 powders show a broad scattering maximum accompanied by a
shoulder near the (200) fcc-Al Bragg reflection. XRD patterns of argon-atomized powders
show additionally low intensity Bragg reflections of fcc-Al, Al3Ni and Al11La3, as high-
lighted in figure 4.12. XRD patterns of (III) helium-atomized Al87Ni8La5 powder (batch
II) reveal a broad scattering maximum. XRD patterns of (IV) argon-atomized Al87Ni8La5
powder show fcc-Al, Al11La3 Bragg reflections, and a broad diffuse scattering maximum.

Figure 4.21(b) presents oxygen contents of argon- and helium-atomized Al87Ni8La5
alloy and Al85Ni10La5 powders obtained by hot gas extraction. The oxygen content de-
creases with increasing powder particle diameter.

4.7.2 Summary of Powder Properties

Tables 4.1 and 4.2 list the results of granulometry, ICP-MS, XRD and DSC experiments
on argon- and helium-atomized Al87Ni8La5 and Al85Ni10La5 powders. They yield infor-
mation about initial powder particle size, chemical composition, initial microstructure as
well as temperatures, enthalpies and activation energies of crystallization reactions. Plus
and minus symbols indicate whether the item listed in the row exists or not. The abbrevi-
ation “n” denotes not determined or not measured. The activation energies were obtained
using Kissinger analysis.
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Al87Ni8La5 alloy powder
atomization gas Argon Helium

batch I I II
fraction recipient cyclone recipient cyclone recipient cyclone
d50 [µm] 23 14 10 4 14 8
Al [at-%] 88.8 n 90.7 n n 88.1
Ni [at-%] 6.7 n 5.5 n n 7.8
La [at-%] 4.5 n 3.8 n n 4.1

amorphous + + + + + +
fcc-Al + + + + - -
Al3Ni + - - - - -

Al11La3 + + - - - -
Tg (onset) [◦C] - - - - - -

TX1 (onset) [◦C] 170 169 - - 176 176
TX1 (peak) [◦C] 190 190 - - 194 194
∆H1 [kJ/mol] -0.7 -1.1 - - -1.6 -1.5
Q1 [kJ/mol] - 164 - - - 182

TX2 (onset) [◦C] 333 333 330 333 337 337
TX2 (peak) [◦C] 337 337 345 345 341 341
∆H2 [kJ/mol] -2.1 -2.6 -2.5 -2.6 -3.1 -3.1
Q2 [kJ/mol] n 196 216 n n 196

Table 4.1: Summary of properties of Al87Ni8La5 alloy powders.

Al85Ni10La5 alloy powder
atomization gas Argon Helium

batch I I II blend
fraction rec. cyc. rec. cyc. rec. cyc. cyc.
d50 [µm] 21 11 11 6 12 6 n
Al [at-%] n 85.3 85.2 n 85.3 n n
Ni [at-%] n 9.5 9.7 n 9.7 n n
La [at-%] n 5.1 5.1 n 5.0 n n

amorphous + + + + + + +
fcc-Al + - - - - - -
Al3Ni + - - - - - -

Al11La3 + + - - - - -
Tg (onset) [◦C] 242 242 254 253 243 246 247
TX (onset) [◦C] 256 256 271 270 264 264 264
TX (peak) [◦C] 268 268 273 272 266 266 267/272

∆H [kJ/mol] -3.7 -4.5 -3.6 -4.4 -5.1 -5.3 -4.4
Q [kJ/mol] n 339 292 n 267 n n

Table 4.2: Summary of properties of Al85Ni10La5 alloy powders.
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4.8 Simultaneous In-situ X-ray Attenuation and
Diffraction

4.8.1 Composition of Al-Ni-La Splats

Assuming that Al85Ni10La5 splats contain only Al, Ni, and La, ICP-MS analysis provided
the following composition: Al85.1Ni9.7La5.2. An error was calculated being about 0.1
at-%. The composition of the master alloy ingot was Al85.2Ni9.6La5.1.

4.8.2 Continuous Heating

One-step Continuous Heating

Figure 4.22: (a) In-situ XRD intensity plot of a Al85Ni10La5 splat obtained during continuous
heating at 10◦C/min. The intensity level corresponds to different colors. Letter A, N, and L denote
Bragg reflections of fcc-Al, Al3Ni, Al11La3 phase, respectively. (b) DSC curve of a Al85Ni10La5
splat obtained during continuous heating at 10◦C/min.

Figure 4.22(a) shows the in-situ XRD plot of a Al85Ni10La5 splat obtained during
continuous heating at 10◦C/min. Initial XRD patterns exhibit a broad diffuse scattering
maximum. The broad diffuse scattering maximum remains essentially unchanged during
continuous heating. At 282◦C, fcc-Al and an unknown phase develop in a small tem-
perature range of 3◦C. The unknown phase can be identified as a metastable bcc-phase
[68], [69]. This phase was not observed during crystallization of Al85Ni10La5 powder. At
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Figure 4.23: (a) Temperature vs. time curve, and (b) in-situ X-ray attenuation of a Al85Ni10La5
splat obtained during continuous heating at 10◦C/min.

314◦C, the Bragg reflections of metastable bcc-phase disappear within a small tempera-
ture range and Bragg reflections of Al3Ni and Al11La3 develop. All Bragg peaks increase
in intensity and shift towards smaller 2Θ-values during further heating between 314◦C
and 400◦C.

Figure 4.22(b) represents a DSC curve of a specimen from the same splat, which was
used for an in-situ XRD experiment in figure 4.22(a). A small endothermic heat release
indicating the glass transition occurs at an onset temperature of 279◦C. Two exothermic
peaks develop at 295◦C and 325◦C, respectively.

Figure 4.23(a) shows a heating profile of the simultaneous X-ray attenuation and
diffraction experiment. The splat cooled down with monotonically decreasing cooling
rate.

Figure 4.23(b) illustrates the in-situ X-ray attenuation plot of a Al85Ni10La5 splat,
which was simultaneously recorded to XRD patterns shown in figure 4.22(a). At 282◦C
a two step intensity decrease develops within a small temperature range of 5 and 12◦C, at
282◦C and at 302◦C, respectively. The mass density increases in two steps by about 0.9%
and 0.6%, respectively.

Multi-step Continuous Heating

Figure 4.24(a) shows the heating procedure applied to a Al85Ni10La5 splat. It demon-
strates that the splat was heated up three times.

Figure 4.24(b) shows the in-situ X-ray attenuation of the Al85Ni10La5 splat during
cyclic heating as described in (a). During continuous heating up to 250◦C, the intensity
increases with a different slope in step 1 compared to step 3 (not presented in the diagram),
which yields thermal expansion coefficients of 1.2 × 10−5 1/K and 2.3 × 10−5 1/K, re-
spectively. Continuous heating in step 5 from 50◦C to 268◦C shows a comparable slope
to that of step 3. The thermal expansion coefficient in that temperature range of step 5 is
2.2 × 10−5 1/K.
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Figure 4.24: (a) Temperature vs. time curve, and (b) in-situ X-ray attenuation of a Al85Ni10La5
splat obtained during cyclic heating. Step 1 and 3 indicate heating at 10◦C/min up to 250◦C. Step
5 indicates heating at an identical rate up to 400◦C. Steps 2, 4, and 6 indicate subsequent cooling
after heating.

Figure 4.25: Same as figure 4.22 for a Al85Ni10La5 splat obtained during cyclic heating (step 5).
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At 268◦C and at 288◦C, the intensity decreases within a small temperature range of
2-5◦C yielding a mass density change of 1.1% and 0.5%, respectively. During further
heating up to 400◦C, a thermal expansion coefficient of 1.1 × 10−5 1/K can be deter-
mined. Cooling down from 400◦C to 300◦C and from 150◦C to 50◦C yields thermal
expansion coefficients of 1.3 × 10−5 1/K and 2.7 × 10−5 1/K, respectively.

Figure 4.25(a) shows in-situ XRD patterns of step 5. Initial XRD patterns exhibit a
broad diffuse scattering maximum. It remains essentially unchanged during continuous
heating. At 262◦C, Bragg reflections of fcc-Al and metastable bcc-phase develop within a
small temperature range of 2◦C. At 286◦C, Bragg reflections of the metastable bcc-phase
disappear and Bragg reflections of Al3Ni and Al11La3 develop. The Bragg peaks increase
in intensities and shift to smaller 2Θ-values during further heating up to 400◦C.

Figure 4.25(b) represents a DSC curve of the same splat, which was used for the in-
situ XRD experiment in figure 4.22(a). Two exothermic heat releases appear at 297◦C
and 325◦C, respectively.

4.8.3 Crystallization during isothermal heating

Figure 4.26: (a) In-situ XRD plot of a Al85Ni10La5 splat obtained during isothermal annealing
at 255◦C. The intensity is color coded. (b) DSC isothermal heat response of the same splat as
described in (a).

Figure 4.26(a) shows in-situ XRD patterns of a Al85Ni10La5 splat obtained during
isothermal heating at 255◦C. Initial XRD patterns show a broad diffuse scattering max-
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Figure 4.27: In-situ X-ray attenuation of a Al85Ni10La5 splat obtained during isothermal annealing
at 255◦C.

imum. Small and broad Bragg reflections of fcc-Al and metastable bcc-phase develop
after approximately 20 min and increase in intensity with respect to the diffuse scattering
level.

Figure 4.26(b) depicts the DSC curve of the same splat used in (a) during isothermal
annealing at 255◦C. After approximately 20 min a broad exothermic heat flow appears.

Figure 4.27(a) illustrates the in-situ X-ray attenuation plot of an Al85Ni10La5 splat
during isothermal heating at 255◦C. The intensity decreases between 24 min and 38 min
dwelling time which corresponds to a mass density increase of 0.8%.
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5.1 Hot Pressing of Al-Ni-La Metallic Glass Powders

This chapter deals with the characterization of amorphous and partially crystalline Al-Ni-
La powder after consolidation by uni-axial hot pressing. Morphology, microstructure, and
thermodynamical behavior are presented. Detailed investigations were made on pressing
of helium-atomized Al85Ni10La5 powders. Due to the limited amount of helium-atomized
Al85Ni10La5 powders, the powder used for hot pressing were made by mixing the two
cyclone fractions of batch I (d50 = 6 µm) and batch II (d50 = 6 µm). In the following, this
powder is named Al85Ni10La5 powder blend.

5.1.1 In-situ Monitoring of Hot Pressing

Figure 5.1: (a) In-situ load and temperature evolution during pressing at 225◦C for 5 min applying
at an initial load of 955 MPa, and (b) for 60 min applying an initial load of 637 MPa.

Figure 5.1 shows the in-situ load and temperature evolution during hot pressing at
225◦C. Figure 5.1(a) shows a temperature variation of about 2◦C can occur during hot
pressing. Further experiments revealed that this overshoot can reach temperatures up to
6 ◦C above temperature set (not presented here). Figure 5.1(a) shows that the initial load
of approximately 955 MPa decreased within 5 min by about 8%. Figure 5.1(b) shows
that during 60 min of hot pressing the initial load of 637 MPa drops by about 20% within
15 min. After 15 min the load increases rapidly in a small time range of a few seconds
to the initial level. Afterwards, the load decreases at a slower rate compared to the first
15 min of the pressing experiment.

5.1.2 Morphology of Hot Pressed Samples

Figure 5.2(a) shows a hot pressed sample. Figure 5.2(b) illustrates a longitudinal cross-
section of Al87Ni8La5 powder (batch II) consolidated by hot pressing at 300◦C. Pores
(black contrast) occur throughout the sample.
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Figure 5.2: (a) Photograph of a hot pressed sample. (b) SEM-image of the longitudinal cross-
section of Al87Ni8La5 powder (batch II) pressed at 300◦C.

5.1.3 Density and Hardness of Hot Pressed Samples

Figure 5.3: (a) Density and Vickers hardness of Al85Ni10La5 powder blend after hot pressing
at different temperatures. An initial load of either 637 or 955 MPa was applied for 5 min. (b)
Density and hardness of the same powder blend after hot pressing for different holding times
using an initial load of 637 MPa. The temperature was held constant.

Figure 5.3(a) shows density and hardness curves of the Al85Ni10La5 powder blend af-
ter hot pressing at different temperatures. Density (squares) and hardness (circles) of sam-
ples pressed at an initial load of 955 MPa increase with pressing temperature. Maximum
density of approximately 3.5 g/cm3 and maximum Vickers hardness of 457 HV0.2 can
be observed at 360◦C and 300◦C, respectively. Density and hardness increase by about
7% and 44% between 160◦C and 360◦C, respectively. Density (triangles) and Vickers
hardness (diamonds) of samples pressed at 637 MPa (225◦C) drop approximately 6% and
37%, respectively, compared to samples pressed at 955 MPa.

Figure 5.3(b) represents density and hardness evolution of Al85Ni10La5 powder blend
after hot pressing at different holding times. Specimens processed at 225◦C show that
density (squares) and hardness (circles) increase by about 5% and 43%, respectively, from
5 to 60 min dwelling time. Density and hardness of samples pocessed at 200◦C (60 min)
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decrease approximately 3% and 25%, respectively, compared to samples processed at
225◦C (60 min).

5.1.4 XRD of Hot Pressed Samples

Figure 5.4: (a) XRD patterns of Al85Ni10La5 powder blend after hot pressing different pressing
temperatures using an initial load of 955 MPa for 5 min. (b) XRD patterns of Al85Ni10La5 powder
blend after hot pressing at 225◦C for different dwelling times using an initial load of 637 MPa.

Figure 5.5: Normalized peak intensities of fcc-Al peaks of XRD patterns in figure 5.4(b).

Figure 5.4(a) shows XRD patterns of Al85Ni10La5 powder blend after hot pressing at
different pressing temperatures. XRD patterns of powders, which were pressed between
160◦C and 250◦C, exhibit fcc-Al Bragg reflections and a broad diffuse scattering maxi-
mum. Low intensity Bragg reflections of the sample pressed at 160◦C can be observed at
higher magnification of the XRD intensity profile (not presented here). The intensities of
the fcc-Al Bragg reflections increase with increasing pressing temperature. XRD patterns
of powders, which were pressed between 275◦C and 370◦C, show Bragg reflections of
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fcc-Al, Al3Ni and Al11La3. Their intensities increase and their peak widths decrease with
increasing pressing temperature.

Figure 5.4(b) shows XRD patterns of Al85Ni10La5 powder blend after hot pressing
at 225◦C for different dwelling times. XRD patterns of hot pressed samples exhibit fcc-
Al Bragg reflections and a broad diffuse scattering maximum. The fcc-Al Bragg peak
integral intensities increase with increasing dwelling time, as highlighted in figure 5.5.

5.1.5 Calorimetric Characterization after Hot Pressing

Figure 5.6: (a) DSC curves of Al85Ni10La5 powder blend after hot pressing at different pressing
temperatures, and (b) at different dwelling times obtained during continuous heating at 20◦C/min.

Figure 5.6(a) illustrates DSC curves of Al85Ni10La5 powder blend after hot press-
ing at different pressing temperatures obtained during continuous heating at 20◦C/min.
Two temperature ranges can be distinguished, at which several peaks develop. The DSC
curve of as-atomized powder shows two large exothermic heat releases within tempera-
ture range (I) from 260 to 290◦C. DSC curves of samples, which were pressed at higher
temperatures, reveal that their minimum peaks shift towards higher temperatures with in-
creasing pressing temperature. Their peak areas diminish at the same time. DSC curves
of samples which were hot pressed at temperatures ≥ 250◦C do not show peaks within
temperature range (I). In temperature range (II), from 290 to 350◦C, many small exother-
mic heat releases occur in the DSC curve of as-atomized powder. DSC heat responses
of hot pressed samples show that total peak areas in temperature range (II) increase with
pressing temperature. The sample pressed at 300◦C shows no heat response.

Figure 5.6(b) shows DSC curves of Al85Ni10La5 powder blend after hot pressing at
different dwelling times. These DSC curves show that minimum peaks within the tem-
perature range (I) shift towards higher temperatures with increasing dwelling time.
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Figure 5.7: Density (a) and Vickers hardness (b) of helium-atomized Al85Ni10La5 powder blend (I,
squares), helium-atomized Al87Ni8La5 powders batch I (II, circles), helium-atomized Al87Ni8La5
powders batch II (III, stars), and argon-atomized Al87Ni8La5 powders (IV, triangles) after hot
pressing at different temperatures. All pressing experiments were performed using an initial load
of 955 MPa for 5 min.

5.1.6 Hot Pressing of Different Alloy Powders

Figure 5.7 shows (a) density, and (b) hardness evolution of hot pressed helium-atomized
Al85Ni10La5 powder blend (squares), helium-atomized Al87Ni8La5 powders batch I
(circles), helium-atomized Al87Ni8La5 powders batch II (stars), and argon-atomized
Al87Ni8La5 powders (triangles). The density and hardness of hot pressed samples in-
crease with increasing pressing temperature. Maximum hardness values were measured at
samples, which were pressed at 300◦C (except hot pressed helium-atomized Al87Ni8La5
powder, batch II). The maximum hardness of hot pressed Al87Ni8La5 powders ranges
from 305 to 345 HV0.2. The maximum density value of hot pressed Al87Ni8La5 powders
is approximately 3.2±1 g/cm3. The maximum density and Vickers hardness values of
hot pressed Al87Ni8La5 powders are smaller by about 8% and 35%, respectively, com-
pared to hot pressed Al85Ni10La5 powders.

5.2 ECAP of Al-Ni-La Metallic Glass Powder

This chapter deals with the characterization of helium-atomized Al85Ni10La5 powders af-
ter its consolidation by Equal Channel Angular Pressing (ECAP) at different processing
temperatures using a conventional ECAP and a zic-zac ECAP die. Powders of batch I
(d50 = 11 µm) and of batch II (d50 = 12 µm) were consolidated separately (without mix-
ing). Morphology, microstructure and thermodynamical behavior of ECAP-consolidated
samples are presented.
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Figure 5.8: Load (black curve) and ram speed (blue curve) evolution vs. ram propagation during
ECAP at (a) 225◦C using a conventional ECAP die, and (b) at 175◦C using a zic-zac ECAP die.

5.2.1 Load and Ram Speed Evolution during ECAP

The black curve in figure 5.8(a) represents the load evolution during ECAP at 225◦C us-
ing a conventional ECAP die. The load increases in two steps during ram propagation.
At first, load increases up to about 500 MPa within a ram propagation from 0 to approxi-
mately 25 mm (I). During further ram propagation (II), the pressing load increases up to
approximately 640 MPa. Load increases in (I) and (II) are accompanied by reduction of
ram speed (blue curve) from initial 2.2 mm/s to final 1.4 mm/s.

Figure 5.8(b) presents load and ram speed evolution during ECAP at 175◦C using a
zic-zac ECAP die. The pressing load (black curve) increases with ram propagation in two
steps (I) from zero to approximately 160 MPa, and (II) from 163 MPa to approximately
850 MPa. During further load propagation indicated by ram position range (III), the load
drops by about 100 MPa. At the same time, ram speed increases. Alterations of load and
ram speed in (III) indicate a non steady pressing process.

5.2.2 Morphology of ECAP Processed Samples

Figure 5.9 shows photographs of the longitudinal cross section of ECAP samples (a) pro-
cessed at 225◦C using a conventional ECAP die, and (b) processed at 175◦C using a
zic-zac ECAP die. Both samples show big voids in front of the Cu-container. Cracks
appear mostly along the upper side of the can. Cracks after conventional ECAP consoli-
dation in figure 5.9(a) are almost parallel to the front of the can. The Cu-container front is
further propagated at the bottom side, as compared to the upper side. Contrary to the Cu-
can front, the front of the consolidated powders is almost parallel to the theoretical 45◦

shear plane. In contrast to conventional ECAP, cracks of a zic-zac ECAP consolidated
sample in figure 5.9(b) are parallel to the shear plane. Generally, conventional ECAP
consolidated samples show a macroscopically more homogeneous cross sectional surface
with less cracks and voids, as compared to zic-zac ECAP consolidated samples.

Figure 5.10 represents a SEM-image of the longitudinal cross section of a ECAP
sample processed at 200◦C using the zic-zac ECAP die. It shows a consolidated and
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Figure 5.9: Photographs of the longitudinal cross section of ECAP samples (a) processed at 225◦C
using a conventional ECAP die, and (b) processed at 175◦C using a zic-zac ECAP die.

Figure 5.10: SEM-image of the longitudinal cross section of a ECAP sample processed at 200◦C
using a zic-zac ECAP die.
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crack free region, at which plastically deformed and well integrated powder particles can
be observed.

5.2.3 Density and Hardness of ECAP Processed Samples

Figure 5.11: (a) Density, and (b) hardness evolution of ECAP samples obtained at different pro-
cessing temperatures using a conventional, and a zic-zac ECAP die. Black symbols indicate that
helium-atomized Al85Ni10La5 powder batch I was used, whereas red symbols indicate the use of
batch II of the same alloy.

Figure 5.11(a) presents the density of ECAP-consolidated Al85Ni10La5 powder ob-
tained at different temperatures using a conventional and a zic-zac ECAP die. Compared
to zic-zac ECAP-consolidated samples, conventional ECAP-consolidated samples show
higher densities at equal processing temperatures. The density increases with tempera-
ture by about 1.8% up to 3.5 g/cm3 in case of conventional ECAP. The density of zic-zac
ECAP consolidated samples exhibits a maximum of 3.4 g/cm3 at the sample processed at
250◦C.

Figure 5.11(b) shows the Vickers hardness evolution of ECAP samples as described in
(a). Regardless of the die used, both show the same tendency. In a processing temperature
range from 175◦C to 225◦C, Vickers hardness increases by about 3-5%. ECAP samples
processed at 240◦C (conventional ECAP die) and 250◦C (zic-zac ECAP die) exhibit max-
imum hardness values of 460 HV0.2 and 470 HV0.2, respectively.

5.2.4 XRD of ECAP Processed Samples

Figure 5.12(a) presents XRD patterns of conventional ECAP consolidated samples ob-
tained at different processing temperatures. XRD patterns of samples consolidated at
temperatures ranging from 175◦C to 240◦C show fcc-Al Bragg reflections and a broad
diffuse scattering maximum. Fcc-Al Bragg peak intensities increase with increasing pro-
cessing temperature. Copper Bragg reflections originate from a copper-can. Similar XRD
patterns can be observed for zic-zac consolidated samples processed at temperatures rang-
ing from 175◦C to 250◦C, as illustrated in figure 5.12(b). Regardless of the die used, XRD
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Figure 5.12: XRD patterns of helium-atomized Al85Ni10La5 powder, which were consolidated at
different processing temperatures using (a) a conventional ECAP die, and (b) a zic-zac ECAP die.

patterns of samples consolidated at 275◦C exhibit Bragg reflections of fcc-Al, Al3Ni and
Al11La3.

5.2.5 Calorimetric Characterization after ECAP

Figure 5.13: DSC continuous heating traces at 20◦C/min of helium-atomized Al85Ni10La5 powder
(batch I), which was consolidated at different processing temperatures using (a) a conventional
ECAP die, and (b) a zic-zac ECAP die.

Figure 5.13(a) illustrates DSC curves (20◦C/min) of helium-atomized Al85Ni10La5
powder (batch I) consolidated at different processing temperatures using a conventional
ECAP die. In comparison to as-atomized powder, no glass transition can be observed
in the DSC curves of ECAP samples. A large exothermic heat release in DSC curves,
which develop during heating from 260 to 290◦C, diminish with increasing processing
temperature. Their minimum peaks shift towards higher temperatures. At the same time,
a group of small exothermic events, which develop during heating from 290 to 350◦C,
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Figure 5.14: DSC curves obtained during isothermal heating at 246◦C of samples consolidated at
different temperatures using the conventional ECAP die.

increase in peak area. The DSC curve of a ECAP sample processed at 240◦C shows a
curve minimum at 326◦C. A similar tendency can be observed in the DSC heat response
of zic-zac ECAP consolidated samples, as presented in figure 5.13(b).

Figure 5.14 shows DSC isothermal heating traces at 246◦C of ECAP-consolidated
helium-atomized Al85Ni10La5 powder (batch I) obtained at different process temperatures
using a conventional ECAP die. The curve minimum at approximately 20 min in the DSC
curve of as-atomized powder has shifted towards longer dwelling times, as compared to
DSC curves of ECAP samples, which were processed at 175◦C and 200◦C. At 225◦C and
240◦C, these minimum peaks cannot be detected any more.

5.2.6 Influence of Plastic Deformation on Morphology

Figure 5.15 shows a longitudinal cross section of a ECAP-consolidated Al85Ni10La5 pow-
der (batch II) processed at 250◦C using a conventional ECAP die. The sample was
stopped halfway to study the influence of plastic shear deformation on powder particle
morphology. SEM-images at right and bottom side of the macroscopic photograph show
enlarged sample areas along the longitudinal cross section, namely in regions of the en-
trance channel (A-B), the corner (channel intersection), and the exit channel (C-D).

SEM-images reveal that powder particles elongate and rotate (indicated by red arrows)
from A to D. The powder particles are well integrated into a dense assembly. Figure
5.16(a) shows powder particle dimension and rotation angle α along the entrance channel
from A to B. After 4 mm from point A, the strain ε along the major axis a increases from
0.2 to 1.5. The strain along minor axis b decreases from 0.2 to 0.6, respectively.

Figure 5.16(b) shows powder particle dimensions and rotation angle along the exit
channel from C to D. The strain ε along major axis a increases along the exit channel
from 1 to maximum strain 1.6 at 8 mm distance from point C. The minor axis b increases
slightly from 0.45 to 0.6, respectively. After 8 mm from point C, a and b approach a strain
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Figure 5.15: Photograph of a longitudinal cross section of Al85Ni10La5 powder (batch II), which
was consolidated at 250◦C using a conventional ECAP die. The sample was stopped halfway.
SEM-images at the right and bottom side of the photograph show enlarged sample areas.

Figure 5.16: The evolution of powder particle strain and its rotation from A-B (a) and from C-D
(b), as indicated in figure 5.15.
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level of approximately 1.25 and 0.5, respectively. Elongated powder particles rotate along
the exit channel from α = 90◦ to α = 63◦.

5.2.7 Influence of Plastic Deformation on Density, Hardness,
Structure

Figure 5.17: (a) Density, Vickers hardness, and (b) XRD patterns of conventional ECAP-
consolidated Al85Ni10La5 powder (batch I) processed at 225◦C and 240◦C. The samples were
stopped halfway.

Figure 5.17(a) shows density and Vickers hardness of conventional ECAP-consolidated
Al85Ni10La5 powder (batch I) processed at 225◦C and 240◦C. The samples were stopped
halfway. Density and Vickers hardness between entrance and exit channel at 240◦C in-
crease slightly by about 1.2% from 3.40 to 3.44 g/cm3, and by about 13% from 400 to
460 HV0.2, respectively. The density and the hardness between entrance and exit channel
after ECAP process at 225◦C increase by about 1.5% from 3.39 to 3.44 g/cm3, and by
about 30% from 330 to 430 HV0.2, respectively.

Figure 5.17(b) shows XRD patterns of samples described in figure 5.17(a). All XRD
patterns show fcc-Al Bragg reflections and a broad diffuse scattering maximum. Inten-
sities of fcc-Al Bragg reflections increase in the exit channel region compared to the
entrance channel region.

5.2.8 Influence of Plastic Deformation on Calorimetric Behavior

Figure 5.18(a) illustrates DSC continuous heating traces at 20◦C/min of ECAP sam-
ples, as described in figure 5.17. The exothermic heat release, which develops during
heating from 260 to 290◦C, decreases for samples extracted in the exit channel region
compared to those extracted in the entrance channel region. At the same time, the total
peak area of a group of peaks (exothermic heat releases), which develop during heating
from 290 to 350◦C, increases.
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Figure 5.18: DSC continuous heating traces at 20◦C/min of ECAP samples, as described in figure
5.17.
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5.3 HPT of Al-Ni-La Metallic Glass Powder

This chapter deals with the characterization of helium-atomized Al85Ni10La5 powder
(batch I, d50 = 11 µm) after its consolidation by High Pressure Torsion (HPT) apply-
ing different levels of torsion. Morphology, structure and thermodynamical behavior are
herein presented.

5.3.1 Morphology and Density as a Function of Torsion

Figure 5.19: (a) Photograph of disc D360. (b) Density of disc samples obtained by applying
different angles of torsion.

Figure 5.19(a) shows a photograph of disc D360. The disc is broken into 2 pieces.
It further exhibits macroscopic cracks. The 4 HPT disc samples used (D5, D15, D45
and D360) have a diameter of 8 mm and a thickness between 92 and 179 µm. All of
them broke into 2 or more pieces. Figure 5.19(b) shows the density of discs subjected to
different angles of torsion. The density ranges from 3.3 to 3.6 g/cm3.

Figure 5.20(a) shows SEM-images of disc surfaces of disc D5, D15, D45 and D360.
They reveal flake-like features. Figures 5.20(b) and (c) present SEM-images of radial,
cross-sectional fracture surfaces of disc D5, D15, D45 and D360. Discs D5, D15, and
D45 show powder particle features over the whole cross sectional area. The fracture
surface of disc D360 exhibits a sandwich structure. The middle layer of the sandwich
structure shows powder particle features.

5.3.2 Morphology in Radial Direction

Figure 5.21(a) presents SEM-images of the radial, cross-sectional fracture surface of disc
D360. It reveals a sandwich structure. The width of top and bottom layers increase in ra-
dial direction. Top and bottom layer width is approximately 20 µm at the disc center, and
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Figure 5.20: Row (a): SEM-images of disc surfaces of disc D5, D15, D45 and D360. Row (b) and
(c): SEM-images of the radial, cross-sectional fracture surface of disc D5, D15, D45 and D360 at
different magnifications.

Figure 5.21: (a) SEM-images of the radial, cross-sectional fracture surface of disc D360 showing
a sandwich structure with a top, middle and bottom layer. (b) SEM-image of an enlarged area of
the top layer region. (c) SEM-image of an enlarged area of the middle layer region.
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30 µm near the disc edge. Furthermore, the disc thickness decreases in radial direction.
Figure 5.21(b) shows a SEM-image of an enlarged area of the top layer of D360. It shows
vein patterns. Figure 5.21(c) shows a SEM-image of an enlarged area of the middle layer,
which exhibits powder particle features. The powder particles in the middle layer are well
integrated and elongated in radial direction.

5.3.3 XRD and Calorimetric Characterization as a Function of
Torsion

Figure 5.22: (a) XRD patterns of discs D5, D15, D45 and D360. (b) DSC curves of sam-
ples extracted from edge and center regions of HPT discs obtained during continuous heating
at 40◦C/min.

Figure 5.22(a) shows XRD patterns of discs D5, D15, D45 and D360. XRD patterns
of disc D5 show a broad diffuse scattering maximum and a Cu Bragg reflection. Cu Bragg
reflection stem from Cu powder residues of a precedent HPT experiment. XRD patterns
of D15 show a broad diffuse scattering maximum. Discs D45 and D360 show a broad
diffuse scattering maximum and fcc-Al Bragg reflections. The intensities of fcc-Al Bragg
reflections are higher in XRD patterns of disc D360, as compared to those of disc D45.
Top and bottom side of each disc reveal similar XRD patterns (not presented here).

Figure 5.22(b) depicts DSC continuous heating traces at 40◦C/min of HPT discs D5,
D15, D45, and D360. Looking at the DSC curves of samples taken from the edge region
of the discs: compared to as-atomized powder, peak areas of the first exothermic heat
release decreases with increasing torsion levels from D5 edge to D360 edge. At the same
time, a group of peaks (exothermic heat releases), which develop between 290 and 350◦C,
increase in peak area. No glass transition can be observed in DSC curves of disc samples.
The total heat release decreases with increasing angle of torsion, from 120 J/g of D5,
116 J/g of D15, 98 J/g of D45, to 93 J/g of D360.

Red DSC curves in figure 5.22(b) show a difference in heat flow between edge and
center of disc D360. The DSC curve of the disc edge shows a smaller first exothermic
peak area and a bigger second exothermic peak area, as compared to the disc center.
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5.3.4 XRD and Calorimetric Characterization in Radial Direction

Figure 5.23: (a) Energy-dispersive XRD patterns along the disc radius of disc D360, and (b) the
normalized integral intensities of (111) and (200) fcc-Al Bragg reflections.

Figure 5.24: In-situ XRD plot of (a) center, and of (b) edge region of disc D360 obtained during
continuous heating at 10◦C/min. Different X-ray intensities are indicated by different colors.
Letters A, N, and L denote Bragg reflections of fcc-Al, Al3Ni, and Al11La3 phase, respectively.

Figure 5.23(a) shows energy-dispersive XRD patterns of disc D360, which were mea-
sured in steps of 500 µm along the disc radius. XRD patterns at the disc center (radius
= 0) show a broad diffuse scattering maximum similar to XRD patterns of as-atomized
powder. XRD patterns at the disc edge (radius 3.5 mm) exhibit a broad diffuse scattering
maximum superimposed by (111) and (200) fcc-Al Bragg reflections. The intensities of
(111) and (200) fcc-Al Bragg reflections increase with distance from the disc center to the
edge. This tendency is highlighted by a figure 5.23(b), where integral intensities of (111)
and (200) fcc-Al Bragg reflections increase along the disc radius.

76



5.3. HPT OF AL-NI-LA METALLIC GLASS POWDER

Figure 5.24 shows in-situ XRD plots of center and of edge region of disc D360 ob-
tained during continuous heating at 10◦C/min. XRD patterns at room temperature of the
center region in figure (a) shows a broad diffuse scattering maximum and small (111) and
(200) fcc-Al Bragg reflections. Intensities of fcc-Al Bragg reflections increase during con-
tinuous heating from room temperature to 274◦C. At 274◦C, additional Bragg reflections
of Al3Ni and Al11La3 occur within a narrow temperature range. All Bragg peaks shift
to smaller 2Θ-values between 271◦C and 400◦C. At the same time, their peak intensities
increase significantly.

XRD patterns at room temperature of the edge region of disc D360 (figure 5.24(b))
show fcc-Al Bragg reflections, which are higher than those of the center region (figure
5.23(a)). The intensities of fcc-Al Bragg reflections increase during continuous heating
from room temperature to 291◦C. At 291◦C, Bragg reflections of Al3Ni and Al11La3
develop within a narrow temperature range.
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5.4 Extrusion and HSS of Al-Ni-La Metallic Glass Pow-
der

This chapter provides a brief summery of additional experiments, which were performed
in the frame of this work. Powder consolidation by means of extrusion was the first
technique used at the beginning of this project. Extrusion trials using partially crystalline
Al-Ni-La powders did not yield satisfactory consolidation. The results of these trials are
presented here. Moreover the result of one preliminary consolidation experiment using
high speed sintering technique is given.

5.4.1 Extrusion of Al-Ni-La Metallic Glass Powder

Figure 5.25: X-ray radiography images of helium-atomized Al87Ni8La5 alloy powder (batch I, d50
= 10 µm) (a) after extrusion at 300◦C applying a extrusion ratio of 1:4, and (b) after extrusion at
270◦C applying a extrusion ratio of 1:11.

Figure 5.25(a) and (b) show X-ray radiography images of helium-atomized Al87Ni8La5
alloy powder (batch I) after extrusion at 300◦C and 270◦C applying an extrusion ratio of
1:4 and 1:11, respectively. Both X-ray radiography images illustrate heterogeneously
distributed powders (darker contrast) inside the Al-can used (light gray contrast). Differ-
ent gray scale colors and some white spots in the upper region in figure 5.25(a) indicate
different attenuation of the X-rays.

78



5.4. EXTRUSION AND HSS OF AL-NI-LA METALLIC GLASS POWDER

XRD patterns (not shown here) of both samples exhibit Bragg reflections of fcc-Al,
Al3Ni and Al11La3 phase.

5.4.2 High Speed Sintering (HSS) of Al-Ni-La Metallic Glass Powder

Figure 5.26: SEM-images at different magnifications of the longitudinal, cross-sectional area of
helium-atomized Al85Ni10La5 alloy powder (batch I) after consolidation by high speed sintering
at 400◦C.

Figure 5.26 shows SEM-images at different magnifications of the longitudinal, cross-
sectional area of helium-atomized Al85Ni10La5 alloy powder (batch I) after consolidation
by high speed sintering at 400◦C. The powder particles are not well integrated into a dense
packed particle assembly. Big voids and pores occur among powder particles.

XRD patterns (not shown here) of the HSS sample show Bragg reflections of fcc-Al,
Al3Ni and Al11La3 phase. Density and Vickers hardness are 3.4 g/cm3 and 165±18 HV0.2,
respectively.
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6.1 Processing of Al-Ni-La Metallic Glass

The experimental results in chapter 4 show that amorphous Al-Ni-La powders can be
successfully produced by means of gas-atomization. The NANOVAL process allows to
produce batches of fully amorphous powders, which do not require further sieving to sep-
arate coarser crystalline powder particles from smaller amorphous particles. A successful
synthesis of amorphous powders depends mainly on powder particle size, atomization
gas, and GFA of the alloy. Following results are discussed assuming identical process
conditions namely overheat and homogeneity of the melt, and gas pressure during atom-
ization.

Higher cooling rates are expected in smaller powder particles, as described in chapter
2.3. Thus, smaller powder particles are either amorphous or contain a smaller volume-
fraction of crystalline phases than bigger particles (Figures 4.12(b), 4.19(a)). The influ-
ence of the cooling rate on microstructure is illustrated in a continuous cooling transfor-
mation (CCT) diagram in figure 6.1. A higher cooling rate, as indicated by cooling curve
(I), yields a smaller volume-fraction of crystalline phases than a lower cooling rate (II).

Figure 6.1: Schematic continuous cooling transformation (CCT) diagram of Al85Ni10La5 powder.
The cooling curves (I) and (II) denote different cooling rates.

The influence of atomization gas on particle size is presented in tables 4.1 and 4.2.
Comparing median diameters d50, one reveals that helium-atomization yields smaller me-
dian particle diameters than argon-atomization. This is mainly due to the density of
the atomization gas. According to [40] and [97], gases with lower densities (ρhelium =
0.179 kg/m3, ρargon = 1.784 kg/m3 [120]) cause higher velocity differences between gas
and melt jet, which leads to stronger shearing, thus finer powders.

Moreover, the atomization gas influences the heat transfer between melt droplet and
gas stream, thus the cooling rate (see figure 4.21(a)). According to [40], [97], [98], a
good heat transfer depends on heat conductivity of the atomization gas. Helium gas has
a higher thermal conductivity (0.15 W/(mK)) compared to argon gas (0.018 W/(mK)),
which permits a faster heat transfer from the surface of the melt droplet into the gas.
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However, the influence of heat transfer on cooling rate is less dominant than the powder
particle diameter [40]. Besides, the velocity difference between melt jet and gas stream
affects the heat conductivity. Helium gas yields a higher velocity difference compared to
argon gas, thus a higher heat transfer [42].

A formation of different crystalline phases in Al87Ni8La5 alloy and Al85Ni10La5 al-
loy during gas-atomization by different gases is illustrated figure 6.2. Both alloys show
different phase boundaries in the CCT diagram. Helium gas achieves higher cooling
rates at constant powder particle diameter compared to argon gas, which points to a bet-
ter heat transfer. Helium-atomization (I) in figure 6.2(a) yields fully amorphous phase,
whereas argon-atomization (II) yields coexisting amorphous, fcc-Al and intermetallic
phases. Helium-atomization (I) in (b) leads to fcc-Al and amorphous phase, whereas
argon-atomization leads to amorphous phase, fcc-Al and intermetallic phases.

Figure 6.2: Schematic continuous cooling transformation (CCT) diagrams of (a) a one step crys-
tallization and (b) a two step crystallization sequence in Al-Ni-La alloys. Cooling curves (I) and
(II) denote helium- and argon-atomization, respectively.

The experimental results indicate that Al-Ni-La alloys with an alloying content ≤13
at-% cannot be produced fully amorphous by means of helium atomization (tables 4.1 and
4.2). One main reason is the GFA, which decreases with decreasing alloying content [61],
[99]. The other reason is a limited cooling rate of the gas-atomization process. Cooling
rates achieved by helium-atomization are sufficient for relative good Al-based glass form-
ers such as Al85Ni10La5 and Al87Ni8La5 alloy. Melt spinning and splat quenching of the
same alloys yielded also amorphous material, as shown in chapter 4.8.3 and [37]. These
techniques can achieve higher cooling rates [16] as compared to gas atomization. They
can be alternatively used for glass formation of Al-alloys with lower GFA.

However, highest quantities of fully amorphous powder were only obtained by helium-
atomization of Al85Ni10La5. Therefore, consolidation experiments were mainly per-
formed using Al85Ni10La5 powder.
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6.2 Crystallization of As-atomized Al-Ni-La Metallic
Glass

6.2.1 As-quenched State of Al-Ni-La Metallic Glass

Helium-atomized Al85Ni10La5 powders, splats, and helium-atomized Al87Ni8La5 pow-
ders are amorphous for XRD and TEM. A certain volume of the amorphous phase reveals
indications of a higher order, which is probably similar to fcc-Al crystalline structure.
Moreover, amorphous Al85Ni10La5 powders contain quenched-in nuclei/ clusters. Single
crystallites can develop in larger powder particles. However, the volume fraction of these
crystallites is too low to be detectable for XRD.

Diffraction patterns of amorphous alloys show a broad diffuse scattering maximum
and a shoulder. Their 2-Θ positions are in the vicinity to fcc-Al Bragg reflections, indi-
cating that a certain volume of the amorphous structure has a higher order. Moreover, a
prepeak points to a medium range order, which can correspond to a cluster structure con-
stituted of unlike atoms [59], [62], [100]. Quenched-in clusters in Al-Ni-La alloys were
also observed in [65]. Indications of the existence of quenched-in clusters/ nuclei are also
given in DSC signals of as-quenched amorphous Al85Ni10La5 powders during isothermal
heating (figure 4.5(a)). A monotonically decreasing exothermic heat, which occurs in
the beginning of the annealing experiment can be interpreted as growth of quenched-in
nuclei [89], [101], and as structural relaxation, as observed in Al85Ni5Y6Co2Fe2 [102].
This signal is not by machine transient as demonstrated by the uncorrected DSC-signal in
figure 6.3. DSC investigations by [101] revealed also quenched-in nuclei in as-atomized
Al85Ni10La5 powders. Many marginal glass formers such as Al-Sm, Al-Y-Fe and Al-Ni-
Y-Co alloys show quenched-in nuclei [103], [104].

Figure 6.3: The non-corrected DSC curve of helium-atomized Al85Ni10La5 powder (batch I) ob-
tained during isothermal at 246◦C and the baseline.

Single dendrites were observed on single powder particles of ≥ 20 µm, which indi-
cates a lower cooling rate due to a larger powder diameter. Since XRD of as-quenched
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Al85Ni10La5 powder does not show any indication of Bragg reflections, it can be assumed
that the quantity of as-quenched crystalline phase is rather low compared to the amor-
phous phase.

6.2.2 Temperature-induced Crystallization

Al85Ni10La5 Alloy

Continuous and isothermal heating experiments of amorphous Al85Ni10La5 powder batch
I and batch II yield comparable results (see chapters 4.1 and 4.2). Annealing can yield
nanocrystalline structures of fcc-Al, Al3Ni and Al11La3 phase. Prior to crystallization,
amorphous Al85Ni10La5 powders show a glass transition at about 258◦C upon continuous
heating at 10◦C/min. At 264◦C, a “simultaneous” crystallization of fcc-Al, Al3Ni and
Al11La3 phases occurs within a narrow temperature range of approximately 3◦C. This si-
multaneous crystallization can be observed for different cooling rates. During isothermal
annealing, a primary crystallization of fcc-Al is indicated by XRD patterns of annealed
powder samples but not by a DSC signal. DSC signals during further continuous heating
between 290 and 360◦C do not originate from the formation of new crystalline phases.
They seem to be assigned to a growth process.

A similar crystallization sequence in Al85Ni10La5 powder was reported by [3], [61],
and [101]. The differences of crystallization onset temperatures and peak shapes between
literature data and data presented here is the result of slight differences in the compo-
sition. As observed by [101], a metastable crystalline phase occurs during isothermal
annealing of helium-atomized Al85Ni10La5 powder. This was not observed in helium-
atomized Al85Ni10La5 alloy powder presented in this work. But in-situ XRD studies dur-
ing continuous and isothermal annealing of Al85Ni10La5 splats reveal that a metastable
phase develops (chapter 4.8). Slight compositional changes in the vicinity of 5 at-% La
in Al85Ni10La5 alloy cause the formation of a metastable phase. Quantitative analysis
by ICP-MS shows a slightly higher La content (0.1 at-%) in Al85Ni10La5 splats com-
pared to powders (table 4.2). The existence of the metastable phase depends strongly
on composition. Various experimentalists in [68], [69], [105] have recently pointed out,
that a metastable primitive cubic phase occurs, when the La content exceeds 5 at-%. A
metastable phase does not exist for Al94−xNi6Lax (x = 4-5) alloys and Al92−xNi8Lax (x =
4-5) alloys. But it occurs in Al94−xNi6Lax (x = 6-7) alloys, Al92−xNi8Lax (x = 6-7) alloys,
and Al87Ni7La6 alloy. These results suggest, that 5 at-% La is the critical value, at which
metastable phase occurs.

Annealed powders can yield nanocrystalline structures. For example, continuous heat-
ing at 20◦C/min of amorphous powder leads to spherical, homogeneously distributed
nanocrystals of fcc-Al, Al3Ni and Al11La3 with a mean crystallite size of 20±8 nm. The
nanocrystalline structure points to a nucleation-controlled crystallization process. This re-
quires a high number density of nuclei [18], which can originate from as-quenched nuclei
and thermally activated nucleation.
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Al87Ni8La5 alloy

Amorphous Al87Ni8La5 powder does not show a glass transition prior to crystallization
(chapter 4.5). It reveals a two step crystallization sequence upon continuous heating. At
176◦C, a primary crystallization of fcc-Al phase within the amorphous matrix occurs upon
continuous heating at 20◦C/min. At 337◦C, the residual amorphous matrix decomposes
and crystallizes into intermetallic phases Al3Ni and Al11La3. Fcc-Al crystallites grow
only slightly during continuous heating up to 312◦C. This observation coincides with an
asymmetric DSC signal of the primary crystallization indicating an impeded growth of
fcc-Al crystals after their formation. This can be explained by diffusion field impinge-
ment [106]: Solute Ni and La atoms are rejected from newly precipitated Al crystals
forming Ni- and La-enriched regions around them. In order to continue growth, Al atoms
have to migrate from the residual amorphous matrix to the Al crystals, since no further
growth can occur via rejection of Ni and La atoms during crystallization. A long range
diffusion of Al atoms is necessary, which requires time. Solute enriched regions around
primary crystallized fcc-Al were observed in [67], [68], and recently verified by TAP [65].
During further heating, the residual amorphous matrix around Al crystals is continuously
enriched by Ni and La atoms. When a concentration of intermetallic phases is achieved
and the activation barrier for crystallization is exceeded, the residual amorphous matrix
decomposes into Al3Ni and Al11La3.

Influence of the Ni-concentration on GFA

Crystallization of Al87Ni8La5 starts at lower temperatures and shows no glass transition
compared to Al85Ni10La5. Thus, amorphous Al85Ni10La5 is stable over a longer temper-
ature range and has better GFA. Consequently, a higher Ni concentration stabilizes the
amorphous phase upon heating because higher activation energies are required to induce
crystallization, see tables 4.1 and 4.2. This can be explained in terms of glass topology.
According to [59] and [62], Al-Ni-La metallic glasses consist of randomly distributed Al-
Ni and Al-La solute-centred clusters (chapter 2.5). A higher Ni concentration leads to a
higher amount of Al-Ni clusters compared to the amount of Al-La clusters. According
to the dense cluster-packing model for metallic glasses [107], a higher amount of Al-Ni
clusters in Al-(Ce,Y,La)-(Fe,Co,Cu,Ni) glasses can yield an enhanced packing efficiency
of the glass. Denser packed clusters reflect a reduction of free energy, which is associated
with a higher stability of the glass.

Crystallization upon Heating after Plastic Deformation

Materials after plastic deformation by means of hot pressing, ECAP and HPT give similar
DSC curves. No glass transition can be detected after HPT. Considering the free-volume
theory, a plastically deformed metallic glass contains many shear bands. Within these
bands, the free-volume has increased indicating a different glass structure as compared to
the residual amorphous matrix. Each shear band represents a glass with different glass
transition temperatures. Thus, a deformed metallic glass has many Tg, which in total lead
to a smearing out of Tg of the as-quenched glass.
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A decreasing first crystallization peak area upon continuous heating of samples con-
solidated below 250◦C coincides with an increasing volume fraction of strain-induced
fcc-Al. At the same time, the peak area of exothermic events, which develop during fur-
ther continuous heating, increases. This coincides with the crystallization of intermetallic
phases at higher temperatures, as shown by in-situ XRD plots. These results suggest that
the first crystallization peak is mainly attributed to the crystallization of fcc-Al.

6.2.3 Strain-induced Crystallization of Al85Ni10La5 Powders

Similar crystallization behaviors were observed after consolidation of amorphous
Al85Ni10La5 powders by means of hot pressing, ECAP and HPT (chapters 5.1, 5.2, and
5.3). All techniques involve plastic deformation at temperatures ranging from room tem-
perature to 240◦C leads to primary precipitation of fcc-Al within the amorphous matrix.
This was observed neither during isothermal heating at temperatures below 240◦C within
10 min nor during continuous heating. Therefore, this crystallization is strain-induced.
The volume-fraction of strain-induced fcc-Al phase increases:

• with plastic deformation, as shown by HPT and ECAP (figures 5.22(a), 5.23, and
5.17)

• with temperature, as shown by ECAP and hot pressing (figures 5.4, 5.12).

Strain-induced Crystallization in the Light of a Free Energy Landscape

Plastic deformation, temperature and diffusitivity are the main parameters which influ-
ence the strain-induced crystallization. According to the classical crystallization theory,
the nucleation rate depends mainly on critical free energy ∆Gc to start crystallization, ac-
tivation energy Q for the transfer of a matrix-atom to an embryo (diffusion), and temper-
ature. Formula 2.2 expresses that a decreasing ∆Gc and Q, and an increasing temperature
lead to higher nucleation rates, thus nanocrystalline structures. A model recently given
in [108] has shown that uni-axial compression lowers ∆Gc by several magnitudes, and Q
only slightly. Severe plastic shear deformation as employed by means of ECAP and HPT
seems to lower ∆Gc even more. The increasing diffusion can be explained by increasing
free volume during the formation of shear bands. Besides the influence of plastic deforma-
tion on activation energy, the system is permanently driven away from local equilibrium
during deformation processing whilst the driving force for crystallization increases at the
same time.

The change in crystallization behavior can be explained by means of a free energy
landscape, where temperature and strain belong to different pathways towards different
equilibrium states (“hierarchy of equilibrium states”). The different pathways of, (a) tem-
perature induced crystallization and, (b) strain-induced crystallization and subsequently
annealing are schematically illustrated in figure 6.4.

Starting from the local minimum of the as-quenched amorphous state: when only tem-
perature increases (a), the amorphous system will first minimize the free energy towards
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Figure 6.4: Schematic illustration of two crystallization pathways of Al85Ni10La5 powder in an
energy landscape: a) denotes thermal treatment, and b) denotes straining and thermal treatment.

G(R) due to structural relaxation (exothermal). The driving force for this process is due to
minimizing the entropy by slight reordering of the atoms, which is associated with mini-
mizing free volume [109]. Consequently, the local minimum of the amorphous state will
decrease with increasing temperature. However, the driving force for crystallization will
increase at the same time. At the glass transition temperature, the energy minimum will
largely increase when the heating rate is sufficiently high. In experiments presented here,
the glass transition is assigned by an endothermic heat release during continuous heating
of a not fully relaxed glass. The glass transition depends strongly on kinetics, thus the
time-scale used to measure properties. It describes the acceleration of the relaxation pro-
cess upon heating or deceleration upon cooling [110]. During glass transition, only small
energies are required to pass the energy barrier QAl+IM for crystallization of fcc-Al and
intermetallic phases.

In case the amount of plastic strain increases (b), the system is conveyed from the
minimum of the as-quenched amorphous state G(I) towards higher free energies G(II)
by permanent input of plastic strain energy into the system. During processing, some
relaxation is possible and the energy can be stored by means of defects, e.g. by increasing
the amount of free volume. This process depends strongly on the kinetics of the dynamic
input [18], thus on the strain rate used.

If the static displacement of atoms during straining becomes large enough, the amor-
phous structure will be locally softened [111], [112]. Local softening can be due to rear-
rangements among nearest neighbor atoms by atomic motion via free volume cites [111],
[112], or due to migration of atoms into nearest neighbor spaces [110]. In fact, local
softening is associated with an increasing free volume, a decreasing viscosity, and an in-
creasing diffusivity. Under these conditions, only small activation energies are required
to lower the free energy of the system by crystallization of fcc-Al. Due to compositional
and topological constrains (85 at-% Al, as-quenched nuclei of fcc-Al), crystallization of
fcc-Al is facilitated, which is expressed by a smaller crystallization barrier QAl compared
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to crystallization of intermetallic phases QAl+IM. Furthermore, crystallization of fcc-Al
is a required step to form intermetallics, because enriched regions of solute atoms can be
formed only after Al has crystallized. A strain-induced formation of intermetallic phases
might occur if the residual, Ni- and La-enriched amorphous matrix reaches a certain con-
centration level.

Annealing of plastically deformed material can yield formation of intermetallic phases
due to thermally activated atomic displacements. A complete crystallization is associated
with a new equilibrium state.

Strain-induced Crystallization in the Light of Shear Band Formation

Various scientists argue that the underlying mechanism for strain-induced crystallization
is an athermal process. This means that the crystallization is not caused by thermally
activated atomic jumps. It is rather a result of static atom displacements, which can yield
shear bands1. In the following, it will be argued that strain-induced crystallization is
possibly an athermal process based on evidence from the literature.

Strain-induced fcc-Al precipitation after HPT in amorphous Al85Ce8Ni5Co2 was ob-
served by [73]. Continuous heating of melt-spun amorphous Al85Ce8Ni5Co2 alloy ex-
hibits a simultaneous crystallization of fcc-Al and intermetallic phases, which is simi-
lar to the crystallization sequence of Al85Ni10La5 powder. After subjecting amorphous
Al85Ce8Ni5Co2 melt-spun ribbons to HPT at room temperature (5 whole turns, 6 GPa uni-
axial pressure), only fcc-Al phase precipitates within the amorphous matrix. Its amount
increases by increasing plastic shear straining along the disc radius.

It was reported in [1] that strain-induced nanocrystallization of fcc-Al in melt-spun
Al90Fe5Gd5, Al90Fe5Ce5 and Al87Ni8.7Y4.3 alloys occurs in shear bands after bend-
ing and after ball milling at room temperature. Contrary to these alloys, amorphous
Al85Ni10Ce5 melt-spun ribbons remained amorphous after bending and ball milling. The
authors proposed that a temperature rise in shear bands cannot be the nature of strain-
induced nanocrystallization. They estimated that adiabatic heating within the shear bands
leads to a temperature increase of > 400 K≥ 2500 K, what is high enough to induce crys-
tallization. But since this heat seems to be fast conducted away, the authors considered a
model, which explains strain-induced crystallization as the result of strain-assisted atomic
rearrangements of Al atoms towards more stable positions forming Al nanocrystals. Once
a stable nuclei is formed, further growth is thermodynamically favorable. Moreover,
strain-induced crystallization strongly depends on the topological and chemical order of
the amorphous phase, thus it depends on the alloy composition. This might be the rea-
son that Al85Ni10Ce5 alloy remained amorphous after plastic deformation compared to
the other alloys. Similar observations were reported in [4], where melt-spun Al85Ni10Ce5
ribbons remained amorphous after cold rolling. The author’s revealed that strain-induced
crystallization occurs only if the metallic glass contains pre-existing nuclei or crystals.

Experimental evidence of so-called thermal spikes in shear bands has been recently

1Also crystalline materials can form shear bands. Shear bands are in the following exclusively related
to metallic glasses.
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given in [113]. They observed a rapid localized temperature rise developing in shear bands
during deformation, which yield estimated temperatures of more than 1000 K lasting a
few nanoseconds. However, the estimated local heat generated was considered to be fast
conducted away from the shear bands to its environment within a nanosecond timescale.

Bending experiments on amorphous Al90Fe5Gd5 melt-spun ribbons performed at room
temperature and at -40◦C revealed that strain-induced fcc-Al nanocrystals develop in
shear bands in the compressive but not in the tensile region of the ribbons [5], [114].
It has been expected that similar adiabatic heating occurred in both regions. Therefore,
a temperature rise cannot be the reason for nanocrystallization in shear bands. Investiga-
tions in [7], [72], and [115] revealed that crystals formed in shear bands do not exceed
the shear band width. Maximum crystal sizes do not exceed 18 nm after cold rolling (CR)
[72] and HPT [7], although CR and HPT involve different amounts of severe plastic de-
formation. Furthermore, crystals formed in shear bands can be elongated along the shear
band axis and they can contain dislocations. These results indicate that strain-induced
crystallization is an athermal process. If a temperature rise would induce crystallization
in shear bands, it should not be limited to the shear band width. It was suggested in [115]
that the reason for constant crystal size is based on a dislocation mediated fragmentation
during deformation.

Strain-induced crystallization can be associated with enhanced diffusion in active
shear bands. Based on various experiments [116], and theoretical models given in [111],
[112], it is commonly agreed that inhomogeneous plastic deformation at temperatures be-
low Tg is localized in narrow shear bands. A drop of viscosity inside the bands is the result
of flow dilatation, which yields an increase of free volume. This leads to local shear soft-
ening of the glass. Due to the increased free volume in shear bands, a higher mobility of
atoms can be expected, which permits long-range diffusion without substantial increase
of the global temperature. The shear bands can be produced by compression or tension.
Experimental evidence for enhanced diffusion by flow dilatation was given in [117]. The
scientists were able to examine separately the effect of temperature- and strain-assisted
plastic flow on amorphization during cold rolling of a bulk diffusion couple using Zr and
Ni. Their results reveal that strain-assisted plastic flow plays a significant role enhancing
the interdiffusion coefficient by several orders of magnitude.

However, strain-induced crystallization is not limited to shear bands only. TEM-
observation in [72] revealed that strain-induced fcc-Al nanocrystals were homoge-
neously distributed within the residual amorphous matrix after cold rolling of amorphous
Al88Y7Fe5 melt-spun ribbons. The nanocrystals were found in shear bands but also within
the residual amorphous matrix. This was also observed after HPT of Al88Y7Fe5 by [7].
The formation of fcc-Al nanocrystals outside shear bands can be explained by atomic
bond rearrangements. Based on molecular dynamics simulations by [118], structural
changes of metallic glasses upon pressure are discussed by means of Bond Orientational
Order (BOO) and Bond Orientational Anisotropy (BOA). The order parameter defines
the topology of atomic bonds at constant bond number. Elastic and plastic deformation
changes bond rearrangements, mostly by bond exchanges. Under static stress, the bond
exchange results in the bond orientational anisotropy. Nanocrystal formation might un-
dergo a BOA towards a long range BOO, which occurs in crystalline materials.
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6.2.4 Density Changes during Crystallization

The mass density of amorphous Al85Ni10La5 increases 1.4-1.7% during the phase trans-
formation from the amorphous to the crystalline state. This result is similar to the con-
traction observed in other metallic glasses upon crystallization, which is by about 1-2%
[119]. The volume contraction during crystallization is due to rearrangements of dis-
ordered atoms towards a higher ordered state with higher packing efficiancy. A higher
packing efficancy is associated with minimization of entropy and thus free energy.

Simultaneous in-situ X-ray attenuation and in-situ X-ray diffraction measurements on
amorphous Al85Ni10La5 splats (chapter 4.8) revealed two mass density increases upon
continuous heating within a narrow temperature range corresponding to two phase trans-
formations. During the first crystallization step, amorphous → fcc-Al + metastable bcc-
phase, the mass density increases by about 0.9-1.1%. The second crystallization step,
fcc-Al + metastable bcc-phase → fcc-Al, Al3Ni and Al11La3, is associated with a density
increase by about 0.5-0.6%. During isothermal annealing, the density increases by about
0.8% corresponding to the first crystallization step. The slightly smaller mass density
change compared to continuous heating can originate from structural relaxation of the
glass within 20 min isothermal annealing prior to the onset of crystallization. Structural
relaxation was also observed during cyclic continuous heating. According to [119], the
volume contraction due to structural relaxation is ≤ 0.5%.

During continuous heating between 300 and 400◦C, the Bragg reflections shift by
about 0.1%. This coincides with the thermal expansion coefficient of 1.1 × 10−5 1/K
extracted from X-ray attenuation data yielding a relative expansion of 0.1%. The thermal
expansion is a consequence of thermally induced harmonic oscillations (Debye theory).
In a perfect monoatomic crystal, the thermal displacement increases continuously with
temperature [110]. This leads to dilatation of interatomic spacings (volume expansion)
as indicated by smaller 2Θ angles according to Bragg’s formula. The thermal expansion
coefficients of amorphous and fully crystalline Al85Ni10La5 splats ranges between 1.1 and
2.7 × 10−5 1/K, which is in the range of pure crystalline fcc-Al (2.3 × 10−5 1/K [120]).

6.3 Consolidation of Al-Ni-La Metallic Glass Powder

Consolidation by hot pressing, SPS2, ECAP, and HPT of Al-Ni-La powder yield sim-
ilar results regarding sample density and Vickers hardness. The here presented results
reveal that processing temperature, processing time, and amount of plastic deformation
are the main process parameters governing the consolidation process. Hot pressing and
SPS yielded full consolidated samples, whereas ECAP and HPT yielded only partially
consolidated samples.

2The results of SPS consolidation are presented in [9], [10].
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Influence of the Processing Temperature and Processing Time on Consolidation

Density and Vickers hardness increase with processing temperature and processing time
yielding a maximum density and hardness of approximately:

• 3.5 g/cm3 and 460 HV0.2, respectively, for Al85Ni10La5 alloy, and

• 3.3 g/cm3 and 350 HV0.2, respectively (figure 5.7), for Al87Ni8La5 alloy.

Figure 6.5: The fractions of equilibrium phases in Al87Ni8La5 and Al85Ni10La5 alloy calculated
from the stoichiometric phase compositions.

Smaller density and hardness values of consolidated Al87Ni8La5 powder compared to
Al85Ni10La5 coincides with a smaller volume-fraction of intermetallic phases, as illus-
trated in figure 6.5.

XRD patterns of consolidated Al85Ni10La5 samples reveal that the maximum density
and hardness is due to partially or fully crystallization. Figure 6.6 shows that hardness
increases with density. Furthermore, the hardness increases significantly with increasing
amount of fcc-Al phase within the amorphous matrix due to precipitation strengthening
(figures 5.4 and 5.12). ECAP processing at temperatures above 250◦C involves a de-
creasing hardness by about 15% which is associated with fully crystallization and thus
formation of intermetallic phases. This is different to hot pressed and SPS processed
samples, which show highest density and hardness in fully crystallized samples. Nei-
ther a significant density nor hardness drop is detected after consolidation above 250◦C.
This is a contradiction to observations in [68] and [69], where a drop of hardness occured
after formation of intermetallic phases. Their annealing experiments using melt-spun
Al92−xNi8Lax (x = 4-7) and Al94−xNi6Lax (x = 4-7) alloys revealed that the Vickers hard-
ness increases with increasing amount of primary crystallized fcc-Al phase within the
residual amorphous matrix. After full crystallization, the hardness decreases when inter-
metallic phases form. In addition to the influence of processing temperature on consoli-
dation behavior, the processing time also affects the consolidation process. Hot pressing
using longer dwelling times was assisted by slow plastic flow, which rendered denser and
harder samples. This indicates that a small strain-rate can help to deform hard materials.
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Figure 6.6: Density-hardness correlation of hot pressed and ECAP processed Al85Ni10La5 pow-
ders.

Consolidation at room temperature using pressing, extrusion3 and ECAP was not fea-
sible. Only HPT processing yielded consolidated samples with a maximum density (figure
5.19) similar to that of hot pressed and ECAP samples processed at elevated temperatures.
This was obtained by use of large amounts of plastic shear deformation during HPT.

Influence of Plastic Deformation on Consolidation

An increasing plastic shear deformation leads to denser samples, as shown in ECAP and
HPT (figures 5.17 and 5.21). A sandwich structure occurs in the fracture surface of disc
D360, which indicates differently consolidated regions. Vein patterns in the top and bot-
tom layer. Generally, vein patterns are observed on fracture surfaces after failure of brittle
metallic glasses below Tg [116]. Considering vein patterns as being significant for fracture
surfaces of bulk metallic glasses, the vein patterns containing layers can be regarded as
layers of fully consolidated powders. In this context, consolidation means that the pow-
der particles are merged to pore-free bulky layers. This pore-free consolidation requires
a certain degree of plastic shear deformation, as presented by HPT samples processed at
different amounts of torsion. In order to achieve completely merged HPT samples, larger
degrees of torsion are required. In case of HPT on amorphous Al powder reported in [7]
and [14], 5 full turns of the anvils render full consolidation.

Hot pressed and ECAP samples always show powder features similar to HPT discs
processed up to 45◦ torsion. The powders are well integrated into ”closed packed” particle
assembles. The amount of plastic deformation was obviously not large enough to merge
powder particles. A merger of powder particles can be obstructed by surface oxide layers,
which cannot be avoided by conventional technical measures. Figure 4.21(b) shows that
oxygen is present in gas-atomized powders used. The oxygen content decreases with
powder particle diameter indicating that oxygen is associated with the particle surface.

3Consolidation by means of extrusion was not feasible even at elevated temperatures, as shown in figure
5.25. Harder partially crystallized powder used as precursor impeded the extrusion process.
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In general, hot pressing and SPS yielded full consolidation through the whole sample
compared to extrusion, ECAP, and HPT, which developed large macroscopic cracks. The
cracks appeared in ECAP samples due to a material flow gradient in the exit channel, as
indicated by the copper-container front in figure 5.9. A faster flow along the bottom side
of the exit channel has mainly two reasons: the difference in ductility between soft Cu
container material and hard Al85Ni10La5 powders, and the formation of a dead zone in the
ECAP die corner yielding a wide curvature ψ [121]. The development of cracks in the exit
channel coincides with irregular load and ram speed drops during processing near the end
of the ECAP process. The material flow gradient and thus crack formation can be reduced
or avoided using a second plunger in the exit channel. The second plunger presses with
a minor load against the propagating sample inducing a so-called “back pressure”, which
leads to a plane propagation front of the sample perpendicular to the pressing direction. It
has been observed that back pressure ECAP of pure Al powder yields pore- and crack-free
samples [122], [123].

The use of the conventional ECAP die leads to a smaller amount of macroscopic
cracks compared to the zic-zac ECAP die. Shear strain applied in opposite directions
by means of zic-zac ECAP does not improve macroscopic properties concerning density,
hardness and crack formation. This corresponds to observations in [12] and [124].
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A wide range of investigations were carried out to evaluate the processing, crystalliza-
tion and consolidation behavior of Al-Ni-La metallic glasses.

Processing of Al-Ni-La Alloy

Gas atomization of Al85Ni10La5 and Al87Ni8La5 using the NANOVAL process can yield
fully amorphous powders, which do not require further sieving. Helium gas yields smaller
powders than argon gas, which is associated with a higher cooling rate. Fully amorphous
powder batches have median particle size diameters of ≤ 14 µm. Moreover, helium gas
enhances rapid quenching due to its higher thermal conductivity compared to argon. Splat
quenching and melt spinning of Al85Ni10La5 and Al87Ni8La5 alloys can also yield fully
amorphous material.

Crystallization Behavior of Al-Ni-La Metallic Glass

Gas-atomized amorphous Al85Ni10La5 powders contain quenched-in nuclei as indicated
by XRD and DSC. The alloy shows a glass transition prior to crystallization. The crystal-
lization sequence of Al85Ni10La5 alloy changes upon heating and upon straining:

• Continuous heating of amorphous Al85Ni10La5 powders shows a crystallization
of fcc-Al, Al3Ni, and Al11La3 within a small temperature range (about 3◦C at
10◦C/min): amorphous phase → fcc-Al + Al3Ni + Al11La3.

• Isothermal heating at 246◦C of amorphous Al85Ni10La5 powders shows that fcc-Al
phase occurs in a short time range prior to intermetallic phases.

• Continuous and isothermal heating of amorphous Al85Ni10La5 splats reveal a two
step crystallization sequence: amorphous phase → fcc-Al + metastable bcc-phase
→ fcc-Al + Al3Ni + Al11La3. The formation of the metastable phase is probably
attributed to a slightly higher La-content > 5 at-%.

• Plastic deformation of amorphous Al85Ni10La5 powders at temperatures between
room temperature and 250◦C/min leads to primary crystallization of strain-induced
fcc-Al phase: amorphous phase → fcc-Al + residual amorphous phase. The vol-
ume fraction of strain-induced fcc-Al increases with plastic deformation and tem-
perature. The results are discussed in the light of thermodynamics and shear band
formation.

The mass density of amorphous Al85Ni10La5 increases by about 1.4-1.7% during crys-
tallization. The thermal expansion coefficient of Al85Ni10La5 alloy ranges between 1.1
and 2.7 × 10−5 1/K.

The crystallization sequence of Al87Ni8La5 alloy upon continuous heating shows a
two-step crystallization sequence: amorphous phase → fcc-Al → Al3Ni + Al11La3. It
shows no glass transition prior to crystallization. A higher Ni-content leads to shift of the
onset for primary crystallization of fcc-Al towards higher temperatures.
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Consolidation of Al-Ni-La powders

The consolidation behavior of Al-Ni-La powders depends on process temperature, the
amount of plastic deformation, processing time and alloy composition. An increasing
processing temperature leads to an increasing density and Vickers hardness due to par-
tially crystallization at temperatures below 250◦C. Hot pressing, SPS and ECAP samples
of Al85Ni10La5 powder show similar maximum densities and Vickers hardness of approx-
imately 3.5 g/cm3 and 460 HV0.2, respectively. The hardness drops in fully crystallized
ECAP samples but not in hot pressed and SPS samples. Consolidation at room tempera-
ture can be achieved by HPT only due to large amounts of plastic shear deformation. A
higher shear strain leads to larger consolidated regions. However, HPT and ECAP con-
solidation leads to only partially consolidated sample regions, whereas hot pressing and
SPS can provide full consolidated samples.
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GÜNDTERODT, H. BECK (ED.) Glassy Metals, Springer Berlin (1981) pp.225-259.

[37] S. GOERGEN Herstellung und Charakterisierung von Gläsern auf Basis von Alu-
minium, students project (Studienarbeit), Hahn-Meitner-Instiute Berlin, Berlin Uni-
versity of Technology (2006).

[38] J.J.DUNKLEY Atomization, ASM Handbook 7 (1998) pp.35-52.
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